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Abstract 

The current work investigated the influence of alloying composition and thermal treatment on 

the hot ductility of TWIP (twinning induced plasticity) steel and mechanical properties of 

HSLA (high-strength low-alloy) steel at room temperature. For TWIP steel, the present work 

simulated the continuous casting process in the laboratory using hot tensile tests at the 

temperature range of 700°C-1100°C to assess likelihood of transverse cracking. The tensile 

specimens were soaked at 1250°C then cooled at 12 or 60°C min-1 to the test temperature and 

then strained to failure at 3 x 10-3 s-1. Reduction of area was measured after failure to indicate 

whether the steel can be cast without transverse cracking occurring. The processing parameters 

involved the Ti/N content ratio and the cooling rate. Ductility was always good (reduction of 

area > 40% in the straightening temperature range 800–1000°C, the value required to avoid 

transverse cracking), independent of Ti/N ratio or cooling rate. A high product of [Ti][N] was 

found to give improved ductility and a higher N level gave some further benefit. The good 

ductility is due to B segregation strengthening the grain boundaries and the low S level 

(0.005%S) limiting the volume fraction of MnS inclusions and restricting AlN precipitation to 

the matrix. The addition of Nb is beneficial as the precipitation of Nb(CN), on the Ti particles 

at higher temperatures, will coarsen the precipitates so not only is the fine deformation-induced 

precipitation avoided but a coarser precipitation enhances ductility. Increasing the cooling rate 

resulted in a small improvement in ductility due to the refinement of the particle size in the 

matrix. For HSLA steel, three steels with 0.02%Al, 0.16%Al and 0.16%Al, 0.018%Nb have 

been examined and their strength and impact behaviour obtained. For the Nb free steels, 

0.16%Al steel had a similar strength to the 0.02%Al containing steel~300MPa, but better 

impact behaviour (40°C lower ITT) with an impact transition temperature (ITT) of -90°C 

which is attributed to grain size refinement and refinement of the grain boundary carbides. Nb 

encouraged Widmanstatten ferrite and the formation of lower transformation products like 

martensite and cannot be recommended as a suitable addition to achieve the benefits of adding 

higher Al additions. The present work shows that the addition of Nb to this high Al containing 

steel, although beneficial to strength, giving a lower yield strength (LYS) of 385 MPa, close to 

that given by some of the control rolled steels, gives very poor impact behaviour with an ITT 

of only -30°C. The improvement of strength is mainly a result of precipitation hardening by 

NbCN with some benefit from grain refinement while the deterioration of impact behaviour is 

due mainly to the formation of lower transformation products, Widmanstatten ferrite and coarse 

grain boundary carbides. Increasing the cooling rate from 17 or 33°C min-1 resulted in a small 

deterioration in ITT due to the increase of the volume fraction of Widmanstätten ferrite. The 

finer grain size produced on control rolling prevented the formation of these deleterious phases 

and adding a high Al addition improved impact performance even when Nb was present.  
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1 Introduction 

1.1 Background of research 

Many types of steel are being developed to provide good mechanical properties to meet the 

industry requirements which are high strengths and better toughness. Generally, the mechanical 

behaviour of steel depends on the processing parameters that control the microstructure and 

precipitation kinetics of carbide, nitride and sulphide forming elements. Thus, the mechanical 

properties of the finished product are mainly dependant on what happens after casting. 

However, to achieve these good properties, the hot ductility must be adequate to allow 

straightening to occur during the continuous casting operation without cracks forming. Many 

of the new steels that are being developed require having a higher than usual Al content to 

develop the required room temperature mechanical properties and this sends up danger signals 

because steels with higher than the recommended Al additions are noted for giving cracking 

during continuous casting. This arises because AlN precipitation occurs mainly at the austenite 

grain boundaries rather than in the matrix of the grain often as a thin film covering the grain 

surface and so is particularly notorious for causing intergranular failure (e.g rock candy 

failures).  

Al has been used for many years as a deoxidiser and grain refiner but only in small quantities, 

0.02 to 0.04 wt-% and within this range cracking does not normally occur. 

However, very high Al additions, 1-2%, are now being added to TRIP (Transformation induced 

plasticity) and TWIP (Twinning induced plasticity) steels. In the case of the TRIP steels, the 

steel is a microalloyed steel that has a high Al and/or high Si or P addition 

 

The elements, Mn, Al, Si and P are all ferrite formers. The conventional TRIP steel is a low C 

steel, (0.15%C) with 1.5%Si and 1.5% Mn. However, high Si levels make it difficult to 

galvanize and form unsightly stains on the surface. Al or P can replace Si and do not give this 

problem. With these steels and a suitable heat treatment it is possible to produce a steel which 

has a small amount of austenite, which on deforming will transform to martensite and thus 

strengthen the regions which would otherwise thin down and fracture. Hence, necking is 

prevented and very high elongations are attained at room temperature. The steel can also 

because of the microalloying elements that are added achieve very high strengths.  
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This is very different to the situation in most structural HSLA steels which are "ferrite/pearlite" 

at room temperature and the properties that are present in the finished product are dependent 

particularly the yield strength on the ferrite in the structure.  

The present research work, however, is aimed at improving the hot ductility of TWIP steels. In 

contrast to TRIP steels they are fully austenitic at room temperature and their high ductility and 

strength are due to an entirely different mechanism which depends on twinning. Twinning is a 

feature of fcc structures like copper, brass and stainless steel. The high C and Mn contents of 

the steels ensure that they are austenitic at room temperature. Adding high Al additions to the 

steels makes them more difficult to cast and this has hindered their development. Al reacts 

strongly with oxygen readily forming Al2O3 and the particles often clog up the nozzles on the 

ladle during melting and AlN precipitation on cooling cause intergranular failure. Thus 

although the finished product has exceptional properties, the problem with the steel is the 

difficulty in casting it. Much work has been carried out in the Department already to establish 

the optimum composition to avoid cracking during casting and the present work is a 

continuation of this 

Another area where high Al additions are being considered is in the hot rolling of steels. Here 

a smaller addition approx.0.2wt-% but nevertheless much greater than the customary addition 

is being added, as it has been shown to improve the impact performance for reasons yet to be 

fully established. Here the influence of Al on the strength and impact behaviour are examined 

and follows up again on previous work in the Department.  

With this interest in adding higher Al additions, two aspects have been examined in the present 

work. One is on the hot ductility of TWIP steels and the other is the hot rolling of high Al plain 

C-Mn steels. 

There are two part of this thesis. First part of the thesis concentrated on TWIP steel which is a 

relatively new and an advanced steel which offers very high strength levels with good ductility. 

The combination of both properties has made TWIP steel an attractive option for the 

automotive industry for weight reduction and less CO2 consumption. However, production of 

TWIP steel through continuous casting is difficult due to the formation of transverse cracks at 

the slab surface during processing. 

The second part of the thesis is concerned with hot rolled HSLA steel. HSLA steel, also known 

as microalloyed steel, has excellent strength and fracture toughness this being obtained by the 

addition of micro quantities of elements, ≤0.05%, such as aluminium, titanium and niobium. 
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However, the mechanical properties of hot rolled HSLA steel still cannot meet the increased 

requirements of the industry and so control rolled steel has become more popular. The control 

rolling process is an expensive technique that requires advanced equipment, more labour and 

longer processing time. The extent to which Al and Nb can be used to improve the properties 

of hot rolled steels has been investigated with the aim of obtaining mechanical properties 

similar to those given by the more expensive, control rolled or normalised route, eg. API X52 

line pipe. 

1.2 TWIP steel 

1.2.1 Introduction  

TWIP steel is a relatively new type of steel. The term ‘TWIP’ refers to Twinning Induced 

Plasticity and it describes the twinning phenomenon of the steel during plastic deformation. 

Extensive amount of twins are generated so splitting up the grains into sub-grains in which the 

twin boundaries behave similarly to grain boundaries. Hence, they provide higher resistance to 

dislocation movement and so can accommodate the fast accumulation of the high dislocation 

density and allow a high degree of work hardening. This gives TWIP steel its exceptional 

combination of high strength and ductility at room temperature (Figure 1-1).  

 

Figure 1-1Map showing ultimate tensile strength and elongation for various classes of the 

high-strength steel sheet using this as the engineering measure of good properties [1,2]. 
 

A twin is a stacking fault caused by the planes of atoms used in building up a fcc crystal 

forgetting their sequence ABCABCABC and going for example to ABCBCABCBACBA – the 

line where they meet is the sharp boundary seen under the microscope (Figure 1-2).  The line 

represents the change from fcc to hcp.  In order to produce these twins a certain amount of 

energy is needed called the stacking fault energy (SFE).  
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Figure 1-2 Schematic diagram showing a stacking fault sequence in a fcc crystal structure 

[3]. 
 

When only a little amount of energy is needed, the SFE is low and a large number of twins 

form.  This can readily be seen under the microscope when comparing the fcc structures of 

annealed brass, copper, austenitic stainless steel and aluminium.  Brass has the lowest SFE and 

has a large number of twin boundaries while aluminium, which has a high SFE, does not twin. 

Careful control of stacking fault energy (SFE) is crucial to establish the appropriate level of 

twinning through alloying. The stacking fault energy is solely controlled by the composition 

(Table 1-1).  

Table 1-1 Stacking fault energy values of common metals and alloys [4]. 

Metal or alloy Stacking fault energy (mJ m-2) 

Al 180 

Ni 75 

Cu 75 

Brass 25 

Stainless Steel 20 

(TWIP steel ) Fe-22%Mn 15 

Fe-25%Mn 21 

Fe-28%Mn 41 
 

Low SFE facilitates twinning formation but must not be outside the critical range 20 to 47 mJ 

m-2 [5]. Lower SFEs <20mJ m-2 introduce too many boundaries giving an enormous degree of 

work hardening which changes the structure into martensite while higher SFEs >47mJ m-2 

favour  a dislocation glide mechanism rather than twinning. For Fe–0–29%Mn, binary steels, 

the stacking fault energy (SFE) drops with increasing Mn concentration up to approximately 

13 wt-%, and then rises again according to thermodynamic calculation [6,7]. 

The high manganese content (15-30%) is needed as although the SFE is raised it is necessary 

to stabilise the austenitic structure at room temperature [8]. The experimental SFEs for the 22, 

25 and 28%Mn alloys are 15±3, 21±3 and 39±5 mJ m-2, respectively. The large increase in SFE 
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energy above 25 wt-%Mn is consistent with experimental observations that show that there is 

a sharp reduction in the ε-martensite start temperature for additions of Mn above 25 wt-% in 

binary Fe-Mn alloys [9]. In addition, although the high level of aluminium content (1-2%) 

raises the SFE, it has become a favourite addition as it prevents delayed fracture in deep drawn 

products and of course reduces the weight, this being so important in the car industry [10]. 

TWIP steels either have Al or Si present to give the TWIP effect.  

The SFE is determined by the chemical composition of the material. A typical correlation is 

shown in Equation 1 proposed by Rhodes and Thompson [11] and Equation 2 proposed by Dai 

et al. [12]:  

Equation 1 

SFE (mJ m-2) = 1.2 + 1.4Ni + 0.6Cr + 7.7Mn - 44.7Si 

Equation 2 

γ300 (mJ m-2) = γ0 + 1.59Ni - 1.34Mn + 0.06Mn2 – 1.75Cr + 0.01Cr2 + 15.21Mo – 5.59Si - 

60.69(C + 1.2N)1/2 + 26.27(C + 1.2N)(Cr + Mn + Mo)1/2 + 0.61[Ni(Cr + Mn)]1/2 
 

where the symbol for the alloying elements represents their weight percentage. γ300 represents 

the value of SFE at room temperature and γ0 denotes the value of SFE of pure austenitic iron 

at room temperature.  

In addition to Al or Si, more alloying elements are added for further improvement of properties 

depending on the desired application i.e. a typical TWIP steel has a strength level of 800 MPa 

and this can be raised to 1000 MPa by the addition of Nb, ~0.03% [13]. This high level of 

strength combined with excellent ductility make TWIP steel an attractive option for use in the 

automotive industry for weight reduction, lower petrol consumption and reduced emissions 

[13]. Due to its high toughness and strength, TWIP steel is mainly used in impact protection 

structures of automobiles, such as B-pillar members, crumble zones and side impact bars [14].  

1.2.2 Motivation 

The present work is designed to examine the influence of high N contents on the hot ductility 

of TWIP steels in detail. Much of the previous work has been on low N steels, approximately 

0.005%, but these days more and more steel is being recycled in electric arc furnaces leading 

to higher N levels of 0.01%N. Precipitation of nitrides can reduce the hot ductility so Ti is often 

added so that only TiN forms and provided the precipitation is coarse, ductility is not affected.. 

Thus, if the [Ti] x [N] product is sufficiently high all the N is taken out as TiN. Although there 

is more precipitation, it is generally too coarse to influence the hot ductility. It is therefore 
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important to establish the optimum Ti and N levels to achieve this and give the optimum hot 

ductility. 

In addition to Ti additions being beneficial, B has also been found to be needed to obtain good 

ductility in these TWIP steels provided B can segregate to the boundaries and not form BN. 

The B in solution is able to strengthen the grain boundaries.  

Previous work [15] has examined a steel with a high Ti/N ratio of 7;1, so that typically to 

remove all the N, the Ti level is 0.07% in a 0.01%N steel. As long as the stoichiometric 

composition for TiN is attained (Ti/N ratio 3.5:1) all the N will be taken out of solution as TiN 

so that B can segregate un-impedingly to the boundaries. A lower Ti level should also have the 

desired effect but the stoichiometric composition often gives fine precipita-tion leading to poor 

ductility. Nevertheless, the stoichiometric composition needs to be examined at these high N 

levels to examine whether a reduced Ti level may be used. 

Cooling rate in previous work [16] has generally been 60°C min-1 which is higher than the 

recommended cooling rate of ≤25°C min-1 needed to coarsen the TiN particles to obtain the 

maximum ductility or to give the maximum segregation for B. In this exercise the cooling rates 

will be 12 and 60°C min-1 for comparison. This cooling rate is the average cooling rate that 

takes place during secondary cooling on continuous casting so is commercially very relevant. 

Previous work [17] has concentrated on the simpler high Al, TWIP steel giving a strength level 

of 800MPa. However, if a higher strength level is required~1000MPa then Nb needs to be 

added. Nb additions particularly give poor ductility in peritectic C, HSLA steels. The present 

exercise examines the influence of Nb on the hot ductility of high Al, high N, TWIP steels 

containing B and Ti. 

This examination should establish the most suitable composition for preventing transverse 

cracking in the continuous casting of the highest strength high Al, TWIP steels containing Nb. 

1.3 Hot rolled HSLA steel 

1.3.1 Introduction  

In hot rolled high-strength low-alloy (HSLA) steel, again both the avoidance of transverse 

cracking during casting and the room temperature properties are important. HSLA steels, also 

known as microalloyed steels have excellent strength and fracture toughness this being 

obtained by the addition of microquantities of elements, ≤0.05%, such as aluminium, titanium, 

niobium etc. These steels are popular in the industry due to their good combination of strength, 
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toughness and weldability [18,19]. The selection of alloying elements and their contents are 

governed by the desired properties. Therefore, HSLA steel is classified into several grades, 

each of which has a specific combination of properties, based on their application. HSLA steel 

is used for oil and gas pipelines, offshore structures, ship construction, bridges, power 

transmission towers, storage and transporting tanks [19,20]. HSLA steel is also popular in the 

automobile industry because it offers high strength-to-weight ratio and low impact transition 

temperature besides its cost effectiveness. HSLA steel is estimated to contribute one-third of 

the body structure mass of vehicles around the world (Figure 1-3), and it is gradually increasing 

[21]. It is suitable for the manufacturing of vehicles’ structural parts including chassis 

components, cross members, reinforcement’s parts, longitudinal beams and suspension 

systems.   

 

Figure 1-3 Types of steel used in the manufacturing of body structural vehicles [14]. 

In conventional carbon steel, the ultimate tensile strength can be enhanced by addition of high 

amounts of carbon but generally carbon is not a favoured element when considering ductility 

and weldability [22]. The addition of other alloying elements, such as aluminium, niobium, 

vanadium and titanium, can compensate for the strength loss caused by the low carbon content, 

without affecting other properties. Therefore, most of HSLA steel used nowadays contain low 

carbon, as low as 0.06%. HSLA steel offers two or three times the yield strength exhibited by 

plain carbon-manganese C-Mn steel [21].  

1.3.2 Motivation 

Previous work [23] has investigated the impact behaviour of hot rolled steel at various Al 

contents (0.02-2%). Increasing the Al content from 0.02 up to 0.16% was found to reduce the 

ITT considerably from -60 to -100°C without influencing the strength. In addition, Al slowed 

down the diffusion rate of carbon and obstructed the growth of grain boundary carbides thus 

improving the impact behaviour. However, further increase of Al beyond that level caused the 



8 

impact behaviour to deteriorate dramatically due to the formation of martensite whose volume 

fraction increased as a function of Al content.  

A further study [24] was carried out to assess the role of nitride formers, i.e. Ti, Al, Zr and B, 

on the properties of C-Mn hot rolled steels. It was observed that Al was the most effective 

element for achieving a good combination of strength and toughness. Despite the coarse 

grained-microstructure ~7-8mm-1/2, the addition of 0.16%Al to a plain C-Mn steel realised a 

strength level of 295MPa and a very low ITT of -100°C. This improvement in impact behaviour 

was attributed to a refinement of the grain boundary carbides and removal of N in solution.  

The solid solution hardening effect of Al has also been separately examined from the impact 

behaviour in hot rolled ferrite/pearlite steels [25] and it was found that the addition of 1%Al 

enhanced the yield strength by 70-80MPa. However, at low Al concentrations (0.02-0.08 wt-

%), the solid solution hardening of Al is unnoticed  due to  removal of N as AlN occuring at 

the same time. At high Al concentrations (1-2 wt-%), the solid solution hardening of Al is also 

obscured due to the fact that Al favours martensite formation leading to pre-yielding of the 

ferrite. In order not to obtain martensite it was recommended to reduce the carbon content from 

0.1% to 0.06%C. 

The effect of Al on strength and impact behaviour of hot rolled plain C-Mn steels was further 

studied as a function of nitrogen content [26]. In low nitrogen steels (0.001 wt-%), there was 

no grain refinement because the N level was too low to have an effect on strength or impact 

behaviour.  Al was found to contribute to solid solution hardening and refine the grain boundary 

carbides giving better impact behaviour. Raising the N content to 0.003-0.005% improved the 

impact behaviour in the 0.16%Al containing steel due to grain refinement induced by AlN 

precipitation.   

Based on previous studies, it is recommended to keep aluminium content at 0.16% and to 

increase the nitrogen level in the hope of grain refinement and reduce the carbon content in 

order to get the maximum potential of the Al addition. Furthermore, it is suggested to add 

niobium to gain an additional strength to these steels through precipitation hardening and grain 

refinement. This may result in hot rolled HSLA steels with similar properties to those obtained 

by control rolling at the lower end of the strength spectrum. 

1.4 Aim of the thesis 

The first part of the thesis concentrates on TWIP steel, which is generally produced by 

continuous casting. However, due to the high alloy content of this steel, it becomes difficult to 
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cast without transverse cracking occurring [15,27]. The problem arises during the straightening 

stage in continuous casting, in which the surface and the edges of the strand are put into tension, 

leading to transverse cracking. This requires further processing of the steel strand which may 

include scarfing of the surface and trimming off the cracked edges, increasing the scrap losses 

and processing time and therefore the cost. Therefore, it is essential to optimise the alloying 

composition and processing parameters to avoid such a problem without compromising 

properties at room temperature. Despite the beneficial influence of Nb in enhancing the room 

temperature strength of TWIP steel, precipitation of NbC(N) encourages formation of 

transverse cracks. The addition of titanium can eliminate the negative effect of Nb on casting 

but the optimum content required and the mechanism by which this improvement takes place 

is still in question. The characteristics of the Nb and Ti precipitates such as size, volume fraction 

and location play a critical role in improving casting process and eliminating the formation of 

cracks. These characteristics are optimised by cooling rate and hence a better understanding of 

both factors; heat treatment and chemical composition need to be established. In this work, 

simulation of continuous casting operation is carried out using a hot tensile test to simulate the 

straightening operation in continuous casting and this has been found to be reliable in 

evaluating a steel susceptibility to cracking through establishing hot ductility curves [28]. 

Generally, the first part of the thesis has been carried out to define the optimum composition 

and cooling rate for reducing the likelihood of transverse cracking in high Al containing TWIP 

steel. In particular, this work aims to examine the effect of Ti/N ratio and cooling rate (60 and 

12°C min-1) on the hot ductility of TWIP steel.   

The second part of the thesis concentrates on trying to improve the properties of hot rolled 

HSLA steels. The most desirable properties required of HSLA steel are a high yield strength 

and good impact behaviour. Improving both properties is a challenge due to the fact that the 

improvement of strength normally leads to deterioration in impact behaviour and vice versa. 

As mentioned previously, these properties are governed by the chemical composition and 

thermal history. A steel with normal Al content of 0.02-0.04%Al results on hot rolling in a 

coarse austenite grain size leading to a coarse grained ferrite at room temperature and often 

low temperature transformation products including martensite, upon transformation.  Impact 

behaviour is therefore poor as well as strength.  Properties after casting can be substantially 

improved by normalising, control rolling and more recently control rolling followed by direct 

rolling. In all these cases, the grain size is refined, giving higher strength and an improvement 

in notch toughness. However, all these routes are more expensive and many smaller steel plants 
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do not have control rolling facilities. There is therefore a need to improve the properties of hot 

rolled steel. Nb is known to enhance strength but at the expense of impact behaviour depending 

on its content. Previous work has indicated that high Al additions can improve the impact 

behaviour without influencing strength or vice versa. Therefore, Al when added should to some 

degree compensate for the deterioration in impact behaviour on adding Nb and so be very 

useful in improving the hot rolling properties. It is not known with certainty whether the high 

Al content improves impact performance because 1) it enables more AlN to be precipitated out 

so enhancing any possible grain refinement 2) it is by the removal of the interstitial hardening 

by N or 3) because Al refines the carbides situated at the boundaries. All of these possibilities 

would give the better impact behaviour.  Cooling rate has also been examined so as to avoid 

lower transformation products which can lead to impact deterioration.  
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2 Literature review: hot ductility of TWIP Steel 

2.1 Continuous casting  

One of the most advanced casting technologies used in processing steels is continuous casting. 

The process allows homogenisation of mechanical and structural properties all along the strip 

or plate [29]. The technique covers various types of steel and it is becoming more popular in 

the advanced steel manufacturing factories for the large scale production of steel products [29]. 

The full continuous casting process is presented in Figure 2-1. The process starts by heating 

the steel up to the melting temperature in a furnace. The molten steel is then poured into a ladle 

so that treatments such as degassing, alloying and setting up the liquid to the required 

temperature can be applied. The liquid steel is then fed into a holding bath known as tundish 

via a refractory tube. The tundish is a reservoir which allows the steel to flow smoothly into an 

oscillating water cooled copper mould at a controlled rate so that there is no overflowing. 

Lubricants are added to enhance thermal insulation of the liquid steel and to avoid sticking 

occurring when the strand moves down.  

The steel strand moves from the vertical to the horizontal axis gradually by the rollers through 

a curved path. The strand is straightened and then cut into conveniently sized billets. These are 

then allowed to cool to room temperature before rolling to the required thickness. The cold 

billets are then inspected for cracks and other flaws. The slabs are, when necessary, repaired or 

rejected. The sound billets are then reheated to 1200-1250°C and rolled to their final gauge.  

More recently direct rolling immediately after casting has been included in the finishing 

procedure for plate and strip steel with further savings in cost [30].  

 

Figure 2-1 Schematic description of the continuous casting process of steel [31]. 
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However, because the surface and the edges of the strand are put into tension during 

straightening, cracks are prone to form in some of the more sensitive grades of steel. This 

requires further processing of the steel strand which may include scarfing of the surface and 

trimming off the cracked edges, increasing the scrap losses and processing time and therefore 

the cost.  

In the last three decades, strong carbide and nitride forming elements such as Ti, Al, Nb and V 

have been added to different types of steel to enhance strength and toughness through grain 

refinement and precipitation hardening [32]. However, the carbides and nitrides that form, as 

well as the presence of high alloying additions, increase the steels susceptibility to transverse 

cracking occurring on the surfaces and edges of the slabs (Figure 2-2). These precipitates form 

at the austenite grain boundaries and the tensile forces obtained on unbending in the continuous 

cast strand cause intergranular cracks to form. Microscopically, cracks have been found to form 

along austenite grain boundaries associated with chain-like precipitates. This issue has received 

much attention by metallurgists trying to solve such a complex issue due to the various factors 

that can contribute to the formation of transverse cracks [33].   

 

Figure 2-2 Formation of cracks during continuous casting (a) on the surface, (b) in the edge 

of bloom. Note the ripples in the surface called oscillation marks which are formed by the 

water cooled Cu mould oscillating up and down [34,35]. 

Some researchers [36] have attributed the cracking mainly to the alloying composition as 

shown in Figure 2-3. However, other researchers [37] claimed that cracks are caused by the 

casting temperature which if not controlled properly can cause bi-films to form over the grain 

surface so causing embrittlement between austenite grains. Transverse cracking is particularly 

a problem in certain steels and this affects the production continuity and reduces the production 

rate of the slabs. This causes a serious economic problem in the steel industry as crack-

containing slabs might be directly rejected depending on the crack size [38]. A defect free steel 

surface is desired, particularly with direct rolling were no pre-inspection of the surfaces can 
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take place prior to rolling.  It can be seen that research work is therefore needed to understand 

what initiates transverse cracks and then encourages them to propagate during continuous 

casting so that the steel industry can be guided into how to avoid them.  

The transverse cracks have been found to initiate in the mould and propagate when the 

bending/unbending operation takes place. The straightening operation which puts the surface 

into tension propagates the cracks which start at the surface and propagate below the surface. 

Microscopic examination shows that the cracks propagate along the grain boundaries of the 

columnar grains that form at the surface.  

 

Figure 2-3 Effects of alloying composition on crack initiation and propagation during 

continuous casting of steel slabs [36]. 

2.1.1 Simulation of continuous casting in laboratory   

A simple hot ductility test has in the main been used to simulate the straightening operation in 

continuous casting and this has been found to be very beneficial in evaluating a steels 

susceptibility to cracking [39]. The tensile sample is first heated to 1250°C to take all the 

carbides and nitrides into solution; the condition they were originally in, on casting. This will 

generally take the precipitates of AlN, Nb(CN), VC and VN back into solution but not TiN. 

The solution temperature is sufficiently high to produce a very coarse grain size 200-300um. 

This is of course finer than the columnar grains in the as cast state (500-1000um). The strain 

rate used in the tensile test is chosen to be the same as that undergone in the straightening 

operation. Hot ductility curves are produced by tensile testing at elevated temperatures. The 
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curves can be obtained by measurement of the percent elongation or more commonly by 

measuring the percent reduction in area (%RA) at fracture using Equation 3: 

Equation 3 

%RA =
Decrease in area

Original area
=  

Di
2 − Df

2

Di
2  

where Di is the initial diameter and Df, the final diameter.   

The %RA is recorded and then plotted against the test temperature to obtain the hot ductility 

curves. 

The higher the value is, the less likely, the steel will be prone to transverse cracking during 

continuous casting. Mintz [40] reported that %RA must not be less than 40% in order to avoid 

transverse cracking. Percent reduction of area (%RA) has been used extensively to evaluate 

hot ductility in most of the literature surveys [41]. However, recent work by Jansto [41] showed 

that strain energy, i.e. the integration of the stress/strain curve, could be more accurate in 

assessing hot ductility behaviour. Moreover, in disagreement with the majority of published 

hot ductility data, 10% RA was found to be sufficient to ensure crack-free casting rather than 

the 40% RA which is often quoted. However, these differences are likely to stem from their 

different heating schedules; shorter holding times before tensile testing being more deleterious 

as less static precipitation occurs before straining and thus there is more available for 

precipitating as the finer more detrimental strain induced dynamic precipitation.  

Even though there are differences (see next section) in behaviour between the commercial 

continuous casting operation and the hot ductility tensile test, the test has been found very 

useful in controlling transverse cracking. In ferrite/pearlite constructional steels, electron 

microscope examinations show there is little difference in the microstructure of cracked hot 

tensile sample compared to that in transverse cracks.   

2.1.2 Parameters that affect accuracy of hot ductility measurements  

As mentioned, the conditions in the test are set to simulate, as closely as possible, the conditions 

pertaining to the straightening operation during continuous casting [42]. The most important 

three factors that need to be carefully controlled are the holding temperature, strain rate and 

cooling rate [42,43]. In the test, the sample is heated up to a temperature level at which all the 

alloying elements can dissolve in order to obtain the same microstructure evolution such as 

grain size and precipitation behaviour as in the as-cast state. This temperature is chosen based 
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on the alloying composition, as elements have different dissolution temperatures but generally 

for Nb and V containing steels, 1300°C is sufficient to take the carbo-nitrides back into solution 

The strain rate is set to the same level that is used during the straightening operation, which is 

estimated to be 3 x 10-3 or 1.5 x 10-2 s-1, this being the strain rate for thick and thin slab casting 

respectively [20]. The cooling rate to the test temperature is taken to be the average cooling 

rate, close to the surface of the strand. Cooling rate depends on the thickness of the slab and it 

is estimated to be ~60°C min-1 for conventional continuous casting, 250mm slab [44] and 

~200°C min-1 for thin slab casting, 50mm thick slab [45].  Slab casters tend to cast sections that 

are much wider than thick. Conventional slabs lie in the range 100–1600 mm wide by 180–250 

mm thick and up to 12 m long with conventional casting speeds of up to 1.4 m/minute. 

It is important to emphasise that dynamic recrystallisation (DRX) does not occur on bending 

during continuous casting due to the low strain (1-2%), and coarse grain size. Previous reviews 

[42,46] showed that increasing strain rate from 10-3 s-1 to 10-2 s-1 raised the %RA of steel by 

~25% due to less time for grain boundary sliding and development of cracks, so improving 

ductility.  

Dynamic recrystallisation by forming a finer grain size and allowing grain boundaries to escape 

from their growing cracks and thus stunt their growth, will always improve ductility.    

Thus, because of the lack of dynamic recrystallisation in the bending operation the use of hot 

ductility curve in predicting cracking behaviour at temperatures higher than that for dynamic 

recrystallisation must be treated with caution.  

Increasing the strain rate which will again always improve hot ductility in the commercial 

continuous casting operation has only limited applicability as there is little one can generally 

do to increase the strain rate in the commercial operation. 

Furthermore, cooling conditions in continuous casting are relatively more complex and may 

not be precisely simulated by the simple cooling conditions in a laboratory tensile test [17]. A 

typical cooling schedule in continuous casting involves a rapid drop of temperature from the 

melting point, followed by a rise after which the temperature oscillates (Figure 2-4). The first 

rapid drop in temperature is called primary cooling and the second part is called the secondary. 

In the secondary cooling stage, the strand temperature increases as it passes through the rollers 

then decreases as it is sprayed with water when it exits the rollers. Despite the difficulty of 

simulating the commercial continuous casting cooling conditions in the laboratory, it has been 
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shown by Spradbery et al. [47] that adding an under cooling step improves the agreement 

between the laboratory test and commercial experience.   

 

Figure 2-4 A typical cooling curve in continuous casting showing how the strand surface 

temperature for micro-alloyed steel varies with time after casting [48]. 

2.2 Hot ductility behaviour of steel as a function of phases, grain size and precipitation 

The temperature range in which the straightening stage takes place, is in the range of 1000-

700°C. This temperature range is very critical since hot ductility can be very low within this 

range with a conventional steel (Figure 2-5). In such a "ferrite/pearlite" steel, the hot ductility 

behaviour passes through three stages. In the high temperature range >1000°C, the hot ductility 

is high due to dynamic recrystallisation. In the low temperature range <700°C, the hot ductility 

is high due to the formation of the soft ferritic phase at the expense of the harder austenite [49]. 

Ferrite has more slip systems than the more closely packed austenite phase and is able to 

recover more readily than austenite. 

 

Figure 2-5 Hot ductility behaviour of a typical HSLA steel [49]. 
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The deterioration of hot ductility in the middle stage, the trough, can be attributed to one of 

three mechanisms. Firstly, during cooling from the austenite, the ferrite nucleates intensively 

at the austenite grain boundary forming thin films at the start of transformation, the Ar3 (Figures 

2-6 and 2-7). During normal transformation these films rapidly thicken up as the test 

temperature is lowered. However, deformation, which always concentrates at the boundaries, 

speeds everything up so equilibrium is achieved.  The transformation temperature locally is 

now raised to the Ae3. Thin films of ferrite can now form over a wide range of temperature 

from the Ae3 to just below the Ar3; (this difference can be as much 200°C). 

Because the thin film of ferrite is so much softer than the austenite that it is surrounding the 

majority of deformation takes place in the ferrite when the bending operation takes place 

leading to very low ductility intergranular ductile failure, i.e. although the ferrite is very ductile 

the strain concentrates mainly in the ferrite instead of uniformly throughout the austenite 

grains.  

 

Figure 2-6 Schematic illustration of possible phase transformation development under static 

conditions: (a) austenite grain structure; (b) ferrite nucleation (red colour) on austenite grain 

corners; (c) ferrite growth on grain corners and nucleation on grain boundary faces (blue 

colour); (d) ferrite growth on grain corners and boundaries and impingement on the grain 

boundaries; (e) ferrite nucleation on defects in former austenite grain interiors (orange 

colour); (f) grain growth [50]. 
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Figure 2-7 Deformation induced ferrite (DIF) formed in a tensile sample tested well above 

the Ar3 close to the Ae3 temperature x400 [51]. 

Secondly, since precipitates nucleate more readily at grain boundaries than they do in the 

matrix, precipitate free zones (PFZ) are often formed in the regions adjacent to the austenite 

grain boundaries. These PFZs are softer compared to the matrix and behave similarly to having 

a thin film of the soft ferrite surrounding the austenite grains. The stress then concentrates on 

the PFZ, leading to intergranular failure.  A typical steel microstructure with precipitate free 

zones is shown in Figure 2-8 [52].  

 

Figure 2-8 SEM microstructure showing the precipitate free zones (PFZ) and their width (W) 

[52]. 

The third mechanism contributing to intergranular failure is grain boundary sliding [19]. The 

movement of the grain boundaries by sliding at triple points, where three grain boundaries meet 

as shown in Figure 2-9, leads to a large concentration in local stresses which can cause severe 

damage by rupture of the grain boundaries leading to poor ductility. This rate of sliding 

increases with time and temperature. These fractures surface have a flat very brittle appearance.  
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Figure 2-9 Schematic diagram of grain boundary sliding at a triple point [53]. 

At the high-temperature end of the second stage, above the Ae3, hot ductility improves 

significantly due to dynamic recrystallisation (nucleation of new grains at the grain boundaries) 

taking over any further grain boundary sliding, by allowing the boundaries to move and isolate 

any cracks that are forming. In addition, due to the high recovery rate of ferrite at high 

temperature and the fact that the dynamically recrystallised austenite grains are relatively finer, 

hot ductility can improve. At the low-temperature end of the second stage ~720°C, sufficient 

ferrite forms on transformation, (generally in excess of 40% ferrite) so strain localisation can 

no longer occur and as a result hot ductility improves.  

In general, grain boundary precipitation is considered detrimental especially with very fine 

precipitation or as the precipitate size increases, higher volume fractions. In such a case, it 

becomes easier for cracks to propagate and link up leading to intergranular fracture [42].  

Since TWIP steel is alloyed with a high concentration of Mn and C, the phenomenon of phase 

transformation to give a thin film of ferrite does not occur as the structure is solely austenit ic. 

Therefore, the hot ductility in TWIP steel is mainly influenced by dynamic recrystallisation, 

grain size, and precipitation behaviour.  

Cracks initiate at the grain boundaries and chemical composition has been found to play a 

critical role in minimising intergranular cracking. Many investigations have been conducted to 

assess the influence of different alloying elements and the role of precipitation in affecting 

transverse cracking behaviour. In addition, heating and cooling schedules prior to rolling have 

been experimentally optimised to reduce the likelihood of transverse crack formation.  
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2.3 Factors influencing hot ductility 

2.3.1 Cooling rate  

Cooling rate has been found to influence the microstructure evolution and so the hot ductility 

of steel. Cooling rate affects hot ductility through controlling the temperature and time 

available for diffusion and as a consequence controls the nucleation site, size and volume 

fraction of precipitation [54]. It is well established that coarse size particles are desired to 

promote hot ductility (Figure 2-10) and slow cooling rates can provide more time for the 

precipitates to grow [55]. Nevertheless, the rate of improvement can be seen to decrease as the 

precipitate size increases (Figure 2-10). Frequently, when the precipitate size is ≤ 10-15nm 

ductility is poor and transverse cracking will occur.  

 

Figure 2-10 Effect of particles size on %RA for Ti-bearing steels [55]. 

Abushosha et al. [56] have investigated the effect of cooling rate on the hot ductility of plain 

C-Mn steels and found that reducing the cooling rate from 60 to 10°C min-1 caused the hot 

ductility to improve. The marked decrease in hot ductility at the higher cooling rate was found 

in this case to be caused by the presence of finer MnS particles at the boundaries as precipitates 

were not present.  

A recent study by Kang et al. [57] on the influence of cooling rate on the hot ductility behaviour 

of TWIP steel showed that increasing the cooling rate from 60 to 180°C min-1 led to a 

significant deterioration in hot ductility (Figure 2-11). Finer precipitation of MnS and AlN, at 

the grain boundaries, was observed at the faster cooling rate, which increased the flow stress 

applied on the boundary. In addition, by reducing the distance between the particles, crack 

propagation and linking up were found to be easier, so weakening the boundaries and hence 
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leading to intergranular fracture. It is interesting to note that in austenitic steels because of the 

absence of the ferrite film there is not a normal ductility trough and generally ductility does not 

change very much until DRX occurs at the higher temperatures. The hot ductility of TWIP 

steels can from Figure 2-11 to be poor falling well below the R of A value needed to avoid 

transverse cracking (40%).  

 

Figure 2-11 Effect of cooling rate on %RA of as cast TWIP steel with the composition: 

0.6%C, 0.2%Si, 18%Mn, 0.01%P, 0.006%S, 1.4%Al, 0.03%Nb, 0.1%V and 0.003%N [57]. 

It was reported also by Kang et al. [15] that reducing the cooling rate from 60 to 12°C min-1 

for a B-bearing, Nb containing TWIP steel (0.002%B) gave a further improvement of hot 

ductility, with %RA close to that needed to avoid transverse cracking (Figure 2-12). This was 

justified by the slower cooling rate allowing more B to segregate to the boundaries and 

strengthening them. It is well established by many of the earlier researchers that the kinetics of 

B segregation to the boundaries is dependent on cooling rate but the segregation is none 

equilibrium so there is a range of cooling rates that will give good ductility [58,59].   

 

Figure 2-12 Influence of cooling rate on the hot ductility of as cast TWIP steel with the 

composition: 0.55%C, 0.07%Si, 18%Mn, 0.02%P, 0.002%S, 1.2%Al, 0.016%Nb, 0.049%V, 

0.002%B and 0.006%N [15]. 
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For TWIP steels, the boron is used to improve hot ductility and this only takes place if it can 

segregate unimpededly to the boundaries and not form a nitride. It must always be in solution 

to do this and not precipitate out at the boundaries. Ti is therefore added to combine with all 

the N, so that AlN and BN precipitation cannot occur. However, the TiN particles must be 

coarse to avoid cracking problems so slower cooling rates are required, 12°C min-1 [20].  

However, the situation becomes more complicated in the presence of Nb which normally 

precipitates as Nb(CN) particles in a fine form within the matrix and the boundaries leading to 

a very poor hot ductility [60,61]. It was concluded that the detrimental influence of Nb can be 

eliminated by reducing the cooling rate from 60 to less than 25°C min-1, so giving rise to coarser 

Nb(CN) particles. Kang et al. [15] reported that the optimum cooling rate for the Nb containing 

TWIP steel is 12°C min-1 leading to a significant improvement in hot ductility which is 

sufficient to prevent transverse cracking during the straightening operation (Figure 2-12).   

Although a slower cooling rate has been reported to promote hot ductility, there is an optimum 

minimum cooling rate. B segregation is non-equilibrium and therefore there is a range of 

cooling rates causing this segregation. Yamamoto et al. [61] reported that the optimum cooling 

rate for the maximum segregation of B at grain boundaries was 10°C min-1. Another paper by 

Cho et al. [62] on low alloy steel found a marked improvement in hot ductility by reducing the 

secondary cooling stage of the slab after solidification. It has also been shown that taking the 

average cooling rate which includes both the fast primary (600°C min-1) and slower secondary 

(often 12°C min-1) for the cooling rate used for the tensile specimens does not give the best 

simulation. Generally it is the secondary cooling rate for thick slab casting, often 12°C min-1 

which controls the growth of the precipitates and is therefore a better choice than the average 

of the primary and secondary cooling rates. 

It can be concluded from previous work [56,57] that there is general agreement that slower 

cooling rates give enhanced hot ductility. Practically, cooling rate is dependent on the casting 

process and the form of steel to be cast, e.g. thicker slabs have slower cooling rates compared 

to the thinner ones. Some adjustment can be made to the cooling rate by altering the water flow 

of the cooling sprays but this is generally limited. 

2.3.2 Strain rate 

Besides deformation temperature, hot ductility behaviour of metals is significantly affected by 

strain rate [63]. Again, commercially there is little that can be done to alter the strain rate for a 

given thickness this being dependent mainly on the size of the rolls at the straightener. 
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The hot ductility of low carbon steel was investigated by Mišičko et al. [64] as a function of 

strain rate (1 x 10-3 and 1 x10-2 s-1) between 1000 and 1300°C. The higher strain rate was 

reported to deteriorate hot ductility and this was ascribed to deformation induced precipitation 

of Al based particles along the austenite grain boundaries leading to intergranular failure.  

However, the temperature range examined was too high for the normal straightening operation 

and to be commercially useful information.  

In contrast and more generally, higher strain rates do markedly improve the hot ductility of 

microalloyed steel and when sufficiently high lead to no ductility trough as reported by 

Großeiber et al. [65]. Hot ductility gradually improved as strain rate increased, and the fracture 

mode steadily increased from intergranular to transgranular. Higher strain rates gave less time 

for precipitates to segregate to grain boundaries, so making it difficult for voids to form and 

propagate. They also gave less time for grain boundary sliding to occur.   

Carpenter et al. [66] suggested that the detrimental influence of lower strain rate is enhanced 

when the steel is highly alloyed. This is attributed to the higher volume fraction of precipitates 

obtained which delay the onset of dynamic recrystallisation and recovery. Intergranular 

cracking is then initiated as a result of grain boundary sliding. It is very important to note that 

dynamic recrystallisation does not take place during the straightening operation as the grain 

size is so coarse and the strain is too low. 

Wang et al. [67] have assessed the hot ductility behaviour of austenitic steel at various strain 

rates in the temperature range of 900-1200°C and concluded that strain rate influences hot 

ductility through the following mechanisms: strain distribution, amount of dynamic 

recrystallisation, grain size and dynamic recovery. Higher strain rates enhanced the kinetics of 

dynamic recrystallisation, so giving finer grains and preventing hot cracking. Furthermore, 

reducing strain rate led to a higher strain gradient from the matrix to the grain boundary, thus 

enhancing hot cracking. It can be concluded that higher strain rate generally is beneficial in 

improving hot ductility in the straightening temperature range of 700 to 1000°C (Figure 2-13).  
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Figure 2-13 Influence of strain rate on hot ductility of steel for the base composition: 

0.044%C, 1.45%Mn, 0.22%Si, 0.007%S, 0.012%P, 0.017%Al and 0.01%N [68]. 

2.3.3 Comparison between the effect of strain rate on hot ductility in continuous 

casting and in hot tensile testing   

In continuous casting at the bending stage, the grain size is too coarse and the strain too small 

to activate DRX at the normal temperature range for the straightening operation. Increasing 

temperature enhances the recovery rate, which results in better hot ductility. However at the 

same time, due to the absence of DRX, grain boundary sliding (GBS) occurs and its rate 

increases with time and temperature leading to poor ductility. When the steel is fully austenitic 

on bending, as is the case for TWIP steels, both phenomena occur simultaneously and the 

improvement in hot ductility caused by the recovery is roughly balanced by the deterioration 

caused by the grain boundary sliding.  

In hot tensile testing, the higher the strain rate, the less time is available for GBS to take place. 

This gives less time for cracks to form at the boundaries, and it has been observed that doubling 

the strain rate could reduce the cracks length by a half [42]. Therefore, increasing strain rate ɛ˙, 

increases the level of strain to failure ɛf, as shown in Figure 2-14.   
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Figure 2-14 The influence of strain rate ɛ˙on strain to failure ɛf as a function of temperature T 

 

The occurrence of DRX changes the whole situation as the new recrystallised grains can move 

away from the cracked boundary easily, making it difficult for cracks to continue propagation, 

so improving ductility. Typical stress-strain behaviour of steel is shown in Figure 2-15(a) 

before the onset of DRX and in Figure 2-15(b) when DRX can occur. 

 
                                                 (a)                                                                    (b) 

Figure 2-15 Schematic diagram showing stress-strain curves for steel (a) without 

recrystalisation, (b) with recrystallisation. 

 

The typical changes that occur in the stress/strain curves are shown, as the test temperature 

increases, in Figure 2-16, when there is no DRX (744 to 825°C) to when DRX becomes 

established at ~836°C. DRX causes the stress to decrease and then increase with further 

deformation at the same time as the tensile specimen necks down to failure.  
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Figure 2-16 Changes that occur in the stress/strain curves in the temperature range (700-

1000°C) [42]. 
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The main parameter affecting DRX is the critical strain required for DRX, ɛc, which is the 

strain required for the onset of DRX, and its value depends on the deformed original 

unrecrystallised grain size and strain rate. The new recrystallised grains form by a bulging out 

of the boundary of the original grain (Figure 2-17). The finer the original grain size is, the more 

nucleation sites are available so less critical strain is required for the onset of DRX. The driving 

force for formation of new grains is estimated by the strain energy difference between the 

original grain and the recrystallised grain. In a given time, increasing the strain rate gives higher 

dislocation density in the recrystallised grains and thus the driving force across the boundary 

increases making it harder for DRX to occur, so a higher ɛc is needed. However, at low strain 

relevant to the straightening operation, DRX does not occur and the dislocation density builds 

up and ductility deteriorates.   

 

Figure 2-17 Schematic diagram showing nucleation of a new grain on the boundary of the 

deformed original unrecrystallised grain. 

 

Previous work [20] has shown the critical strain needed for dynamic recrystallisation to occur 

is a function of the strain rate and grain size (Figure 2-18). The temperature for dynamic 

recrystallisation is extrapolated from the point at which the curve for ɛc against temperature 

intersects with the curve for strain to fracture, ɛf, against temperature. It is seen that increasing 

strain rate leads to better hot ductility, reflected by the narrower and shallower trough (Figure 

2-18(b)). Furthermore, refining grain size by decreasing εc was found to reduce the depth and 

width of the trough significantly (Figure 2-18(c)). The reasons for the hot ductility 

improvement that occurs on increasing the strain rate and refining the grain size are very 

different with regards to the enhancement of DRX. Refining the grain size encourages DRX 

[69] whilst increasing the strain rate makes it more difficult for DRX to occur. 
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Increasing the strain rate has an enormous influence on improving hot ductility even though it 

increases εc because grain boundary sliding is radically reduced, improving the strain to 

fracture εf, (Figure 2-18(b)). The value of ɛc can be calculated using Equation 4 [70]. 

 

Figure 2-18 Schematic diagram showing (a) how the width of the hot ductility trough is 

affected by the dynamic recrystallisation (DRX), (b) the influence of strain rate on the depth 

and width of the trough ɛc1 and ɛf1 refer to the lower strain rate. ɛc2 and ɛf2 refer to the higher 

strain rate and (c) the influence of grain size on the depth and width of the trough, ɛc1 and ɛf1 

refer to the coarse grain size, ɛc2 and ɛf2 refer to the finer grain size [20]. 

Equation 4 

ɛc = Ado
1/2 Zn 

where Z donates the Zener-Hollomon parameter, do represent the initial grain size while A and 

n are constants (n = 0.15). A finer grain size gives a smaller εc while increasing the strain rate 

increases εc 

The value of Z can be obtained by Equation 5 [70]:  

Equation 5 

Z = ɛ˙eQ/RT 

where Q in the activation energy for deformation of the austenite phase, T denotes the absolute 

temperature. 
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2.3.4 Grain size  

It is well established that optimising microstructure, particularly grain size, is essential to 

control mechanical properties at room temperature and hot-flow characteristics not only for 

steel but for all metals [71]. Hot ductility could be considerably improved by refining the 

austenite grain size in plain C-Mn steel in the temperature range 650-1000°C as reported by 

Mintz and Crowther [72]. They showed that refining the grain size increased the reduction of 

area and the hot ductility trough was always narrower and less deep (Figure 2-19).  

 

Figure 2-19 Effect of grain size on %RA for C-Mn steels tested at 750°C [72]. 

Ouchi and Matsumoto [73] also have shown the hot ductility of C-Mn-Al and C-Mn-Al-Nb 

steels is not significantly influenced on refining the grain size from 1000 to 300μm as the 

change in R of A will be small. However, Schmidt and Josefsson [74] have also reported that 

transverse cracking can be considerably reduced in microalloyed steel by refining the austenite 

grain size through introducing a suitable secondary cooling pattern. They suggested that the 

amount of cracking gradually decreases as the grains become finer and hence a steel free of 

defects could be obtained during the straightening operation. Mintz and Crowther [75] have 

shown that refining grain size in microalloyed steels from 300 to 150μm at 850°C increases the 

reduction of area by ~20% which is often enough to avoid transverse cracking and low-ductility 

intergranular failures.  

It can be seen from Figure 2-19 that refining the grain size always improves ductility but the 

influence of refining the grain size as the grain size coarsens becomes less and less and for 

grain sizes ≥300um the changes are small and this accounts very much for the reported 

variations. 
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Many studies [75-78] have suggested that refining the grain size would improve the hot 

ductility of metals. Evans [79] justified such a behaviour by the considerable reduction of 

sliding rate when the grain size is refined giving a reduction in grain boundary cavity growth 

rate. In addition, cracks in the grain boundary must grow through triple points (Figure 2-9) and 

the fewer they are, as in the coarse grains, the easier the cracks can develop and the steel 

becomes more susceptible to intergranular failure. 

Control of grain size can be achieved by either optimising heat treatment or alloying 

composition. This is always accompanied by a change in the precipitation behaviour which 

clearly influences the hot ductility and hence it becomes very difficult to differentiate between 

the influence of grain size and precipitation on hot ductility which probably accounts again for 

the uncertainty in literature.  

2.4 Influence of alloying composition on hot ductility  

2.4.1 Carbon  

Crowther and Mintz [80] stated that increasing carbon content from 0.04 to 0.28% in a plain 

C-Mn steel moved the hot ductility trough to lower temperature as a consequence of increasing 

the C level lowering the Ae3 temperature and the temperature at which the thin film of 

deformation induced ferrite can form. Increasing the C level also lowers the Ar3 so the whole 

hot ductility curve is moved to lower temperatures, Figure 2-20. 

 

Figure 2-20 Influence of carbon content on the hot ductility curves for ferrite/pearlite steels 

for the base composition: 1.5%Mn, 0.2-%Si, 0.013%S, 0.002%P and 0.004%N [80]. 
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The minimum hot ductility was found to take place during the formation of thin ferrite films 

along the austenite grain boundaries by deformation induced transformation. The soft ferrite 

films allowed strain concentration along the boundaries causing voids at the MnS inclusions, 

which eventually link up to cause intergranular failure.  

Increasing carbon content above 0.28%, which is more relevant to the current work on TWIP 

steel, besides moving up the Ae3 temperature, was reported to raise the activation energy for 

dynamic recrystallisation (Figure 2-21) which would mean that the critical strain needed for 

dynamic recrystallisation is subsequently increased. As a result, sliding at austenite grain 

boundaries is increased and becomes sufficient to encourage coalescence of cracks leading to 

intergranular failure in the austenitic phase giving worse hot ductility and extending the trough.  

 

Figure 2-21 Influence of carbon content on activation energy [80-82]. 

 

In case of Nb-bearing steel, the deleterious influence of carbon becomes more pronounced as 

reported by Mintz and Mohamed [83] due to Nb(CN) precipitation. The steel examined was in 

the re-heated condition and showed the worst hot ductility at higher carbon content due to the 

higher volume fraction of NbCN precipitates at the austenite grain boundaries.  

The same type of steel was examined by Mohamed [84] who observed a deterioration in hot 

ductility with increasing carbon content to a specific limit in the as-cast state. The work 

evaluated the hot ductility behaviour of low alloyed Nb-bearing steels based on carbon content 

(0.014-0.18%C). He observed that increasing carbon content up to 0.14% was detrimental to 
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hot ductility but suggested this was due to grain coarsening, while a higher carbon content of 

0.18% improved hot ductility considerably due to grain refinement (Figure 2-22).  

(a)  

(b)  

Figure 2-22 (a) Effect of carbon content on %RA in low alloyed steel, (b) effect of carbon 

content on austenite grain size at 1100°C in low alloyed steel for the base composition: 

1.5%Mn, 0.4%Si, 0.006%S, 0.01%P, 0.03%Al, 0.03%Nb and 0.007%N [84]. 

 

He suggested that this is a consequence of the peritectic reaction where below the C peritectic 

level the two phases δ ferrite and γ are present enabling grain refinement to take place on 

transformation and at higher C contents the two phases, liquid and austenite are present so that 

grain refinement is again possible (Figure 2-23).  

 



33 

 

Figure 2-23 Peritectic part of the constitutional Fe-C diagram [85]. Note peritectic occurs at 

the highest temperature at which the transformation to austenite takes place. 

In the as-cast state, transformation changes above the Ae3 become important in controlling the 

austenite grain size and the peritectic carbon gives rise to a coarser austenite grain size and this 

can dominate the hot ductility behaviour. However, it is obvious from the peritectic diagram 

that the peritectic carbon point corresponds to the highest temperature for austenite to form on 

solidification so would be expected to have the coarsest grain size. Increasing or decreasing 

the C content on either side of the peritectic point leads to lower temperatures for the formation 

of austenite again leading to a finer grain size. This would seem a better explanation as ductility 

is found to be better at low C levels with less cracking in contradiction to Mohammed's [84].    

Therefore, the effect of carbon on hot ductility becomes more pronounced in the as-cast state 

for plain C-Mn and low alloyed steels. In the case of TWIP steels in which no phase 

transformation takes place, the effect of carbon on hot ductility can be evaluated by the grain 

size and the precipitation characteristics of carbide forming elements.  

2.4.2 Manganese and Sulphur 

Manganese is added to TWIP steel at high concentrations to preserve the austenitic structure 

and control stacking fault energy [86]. Normally, Mn can act as a deoxidising agent by 

removing oxygen out of the melt into the slag during casting by forming manganese oxide 

compounds [87]. When discussing the influence of Mn on the hot ductility, sulphur has also to 

be taken account of due to the fact that Mn is a strong sulphide forming element so both 

elements will be discussed in this section. In the absence of Mn or when there is a low ratio of 

Mn/S, Fe-sulfides can form at high and medium temperatures, where the straightening 
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operation takes place [88]. The low melting point of this phase triggers formation of cracks 

whereas their propagation is governed by the morphology, size and volume fraction of these 

precipitates [89]. Therefore, Mn has always been added to steel alloying composition since it 

has a greater affinity to S than Fe, and MnS has a much higher melting point than FeS so 

preventing the negative effects of S precipitation. The precipitation behaviour of MnS and AlN 

is predicted as a function of temperature for the composition presented in Figure 2-24.  

 

Figure 2-24 Phase temperature diagram for AlN and MnS steel with the composition: 

0.040%C, 0.06%Si, 0.46%Mn, 0.017%P, 0.010%S, 0.017%Al and 0.0056%N [90].  

Previous work [91,92] has shown that MnS particles are easily deformed during hot working 

due to the fact that MnS particles are relatively softer than the steel iron matrix they are residing 

in and so elongate out along the rolling direction. MnS precipitation has been shown to be 

beneficial in retarding grain growth in the austenite [93-95]. Based on previous experiments, 

the degree at which MnS particles can influence hot ductility is dependent on their size and 

distribution and the finer and greater the volume fraction the easier it is for cracks to develop 

[96,97]. As a matter of fact, MnS particles form at high temperature, typically 1380°C, and act 

as nucleation sites for AlN precipitation at temperatures below 900°C as reported by Steenken 

et al. [98]. Since MnS precipitates preferably in the matrix, the detrimental influence of AlN 

precipitation is minimised since AlN precipitates mainly at grain boundaries, and so provides 

nucleation sites for void formation that continuously grow to interlink resulting normally in 

lower hot ductility. This is particularly important in TWIP steel which contains higher amounts 

of Al [99].  Lückl et al. [100] examined the influence of cooling rate on the behaviour of 

MnS/AlN precipitation in low carbon steel under a reheating schedule. They found that faster 

cooling gave finer and denser MnS/AlN particles which could obstruct the rate of dislocation 
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movement due to dislocation pinning due to the sufficiently dense distribution of these 

particles, resulting in lower hot ductility in the austenite region (Figure 2-25).  

 

Figure 2-25 Reduction of area for fast and slow cooling of low carbon steel, the fast cooling 

rate being 250°C min-1 and the slow cooling rate 190°C min-1, the composition: 0.104%C, 

0.044%Si, 0.43%Mn, 0.009%S,, 0.046%Al, 0.0009%Ti, 0.025% and 0.0056%N [100]. 

 

It is therefore recommended, besides utilising slower cooling rates, to reduce the amounts of 

both S and Al in order to coarsen and reduce the density of these particles [53]. Liu et al. [101] 

investigated the influence of Mn content on the hot ductility of TWIP steel and observed that 

as Mn level increases from 15 to 23% the hot ductility first increased and subsequently 

deteriorated (Figure 2-26). They observed that the MnS particles were located within the matrix 

but the distribution was inhomogeneous with there being severe Mn segregation in the 

interdendritic zone. Moreover, the maximum fraction of dynamically recrystallised grains 

occurred at the lowest Mn content. This fraction dropped significantly on increasing the Mn 

level and grain boundary sliding was promoted. Furthermore, the effect of C microsegregation 

was accelerated by Mn addition since a higher amount of C microsegregation occurred as Mn 

content increased. As expected, mixed ductile-brittle fracture was observed for the low Mn 

content while the high Mn steel exhibited brittle type fracture. Cabanas et al. [102] showed that 

in hot rolling, higher Mn additions retarded the dynamic recrystallisation of Fe-Mn binary 

alloys.  Lan et al. [55] also showed that the addition of 22%Mn to TWIP steel led to Mn 

microsegregation and microporosity in as cast structures, hence reducing the matrix 

homogeneity and giving poorer hot ductility. 
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Again, it should be noted that dynamic recrystallisation does not normally occur on 

straightening because the strain on straightening is too low and grain size is too coarse so this 

does not address the commercial problem. 

 

Figure 2-26 The hot ductility of TWIP steel at different Mn contents for the base composition: 

0.6%C, 0.008%S, 1.5%Al and 0.01%N [101]. 

In contrast, Banks et al. [103] observed that the increase of Mn content from 0.25 to 1.6% in 

the high temperature processing (HTP) of Nb-Ti linepipe steel activated the recrystallisation 

kinetics leading to finer and a more homogeneous microstructure.  

In the presence of copper (Cu), which may be present as a residual or picked up from the Cu 

mould on casting, it was recommended to minimise sulphur addition to avoid formation of 

MnS particles as these may also act as preferred sites for Cu concentration causing hot 

shortness and so deteriorating the hot ductility [104].  

2.4.3 Aluminium 

Traditionally, the steel industry has used low concentrations of aluminium as a deoxidising 

agent in steel to form aluminium oxide to scavenge oxygen during casting and minimise 

porosity. Presently, aluminium has attracted more attention due to its considerable influence 

on grain refinement by inhibiting grain growth in steels [105].   

Higher contents of Al in plain C-Mn steel were found to raise the Ae3 temperature so ferrite 

bands form prematurely resulting in a wider hot ductility trough. This phenomenon is enhanced 

with the presence of high amounts of N, resulting in finer and a higher volume fraction of AlN 

precipitates, increasing the susceptibility to intergranular fracture [106]. These precipitates 

form during solidification and later during cooling after rolling [107]. The AlN often 
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precipitates in a very fine thin film covering the grain surface leading to cracking. However, 

high amounts of Al (1-2%) are needed in TWIP steel in order to control the stacking fault 

energy and achieve extensive twinning during deformation at room temperature [108]. 

Recent work by Liu et al. [101] have examined the effect of Al content on the hot ductility of 

TWIP steels, the steel having, 18%Mn, 0.009%N and 0.008%S. The study showed that 

reducing Al additions from 1.5 to 0.75% improved the hot ductility only slightly by 8% (Figure 

2-27). At both Al levels, hot ductility was always poor, being below 40% throughout the 

temperature range 700-1200°C. In contrast, a significant improvement in hot ductility was 

achieved when Al was at the very low level 0.002%, hot ductility being over 40% in the same 

temperature range.  

 

Figure 2-27 The hot ductility of TWIP steel at different Al content for the base composition: 

0.6%C, 0.008%S, 18%Mn and 0.01%N [101]. 

It was concluded that the equilibrium precipitation temperature of AlN increased noticeably 

with the increase of Al content (Figure 2-28) resulting in a dramatic increase in volume fraction 

of AlN particles. The excessive volume fraction of "fine" AlN particles in the high Al-bearing 

steel was found to be very effective in obstructing dynamic recrystallisation and enhancing 

grain boundary sliding by pinning the grain boundaries leading to poor hot ductility [46]. 

Previous work [109,110] has also confirmed that a high addition of Al encourages AlN 

precipitation up to very high temperature in TWIP steels. Indeed, it is well established that 

higher Al concentrations make it easy for AlN to precipitate out, in comparison with plain low 

Al-bearing C-Mn steel [111,112].  
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Figure 2-28 The equilibrium phase diagram of TWIP steel with various contents of Al 

predicted by Thermo-calc software for the base composition: 0.6%C, 0.008%S, 18%Mn and 

0.01%N [101]. 

Furthermore, despite using a lower amount of Al ~0.9% in TWIP steel, Brune et al. [113] 

observed an increased formation of (AlN) particles leading to poor hot ductility as a result of 

the higher level of N used, this being 0.0075%.  

AlN precipitation is considerably influenced by S content as reported by Kang et al. [16] who 

studied the AlN precipitation behaviour on hot ductility of TWIP steel with various additions 

of S. It was observed that the content of S did not influence the hot ductility below 900°C but 

as the temperature increased up to 1100°C the hot ductility for the very low S-bearing steel, 

having 0.003%S, significantly improved by 35% (Figure 2-29).  

 

Figure 2-29 Hot ductility curves for three TWIP steels at three S levels for the base 

composition: 0.6%C, 18%Mn, 0.2%Si, 0.02%P, 1.5%Al and 0.009%N [16]. 
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Indeed, the hot ductility of the higher S-bearing steel deteriorated and this was explained by 

the morphology and size of the AlN precipitates. AlN has problems in precipitating out in the 

austenite and precipitation is very sluggish. MnS particles offer themselves as suitable 

nucleation sites [16]. In all cases, the AlN particles were coarse but were hexagonal in shape 

and existed mainly in the matrix for the low S-bearing steel and so would not influence the hot 

ductility. However, the high S-bearing steel resulted in higher volume fraction of AlN particles 

in the shape of dendritic rods at the dendritic and austenite grain boundaries and this favoured 

intergranular fracture.   

The precipitation of AlN on reheating has been extensively studied but of course is very 

different to when cooling from 1250°C. Kundu [114] for example investigated the influence of 

AlN on grain boundary pinning during reheating and the subsequent evolution of the austenite 

grain structure of HSLA steel. The study showed that AlN precipitates were very effective in 

refining austenite grain size by pinning the boundaries during reheating. Furthermore, AlN 

particles were found to be 100% coarser when reheating at a higher temperature of 1150°C in 

comparison with reheating at 1125°C. Holding time was also examined and showed that 

extended holding led to further dissolution of AlN particles so that a lower volume fraction 

was obtained at the extended holding time (Figure 2-30(a)). consequently, grain size was 

coarsened by ~85% by extending the holding time from 1 to 8 hours, (Figure 2-30(b)) which 

is associated with the dissolution of the majority of AlN particles while the remaining 

undissolved particles were too coarse to provide any significant pinning at the boundaries. 

Therefore, maximising the efficiency of AlN in pinning the boundaries is achieved by reducing 

both factors; reheating temperature and holding time. However, this is relevant to rolling after 

casting but not to casting and may not apply to TWIP steels which have with its high Al content 

a much higher driving force for AlN precipitation.  For normal Al levels of 0.02-0.06%Al, AlN 

precipitates readily on reheating when the phase transformation occurs from α to γ giving 

numerous nucleation sites but it is very sluggish on cooling from the austenite [16] when fewer 

sites are available, as is the continuous cast situation. AlN does not precipitate out then unless 

the concentrations of Al and N are very high. 
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(a)  

(b)  

Figure 2-30 (a) Volume fraction of AlN particles after reheating at 1125°C for 1, 2 and 8 

hours, (b) prior austenite grain size distribution after reheating at 1125°C for 1, 2 and 8 

hours, for the composition: 0.10%C, 0.4%Mn, 0.005%S, 0.3%Si, 0.017%P, 0.016%Al, 

0.02%Nb, 0.001%Ti, 0.3%Ni and 0.008%N [114]. 

2.4.4 Niobium  

The main purpose of Nb addition to steel is to enhance strength at room temperature i.e. TWIP 

steel exhibits a strength of 800MPa and with Nb the strength increases to 1000MPa [13]. Nb 

promotes strength through grain refinement, solid solution hardening and precipitation 

strengthening. However, previous work [57] has shown that adding Nb to a TWIP steel can 

make hot ductility worse as a result of Nb(CN) precipitation in the matrix and at the austenite 

grain boundaries, giving low reduction of area values of 10-20% in the temperature range of 

700-900°C. Cracks then develop as a consequence of stress and strain concentration at the 

austenite boundaries caused by grain boundary sliding and hence promoting intergranular 
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failure.  Increasing cooling rate, from 60 to 180°C min-1, led to even worse hot ductility due to 

the finer Nb(CN) precipitation, making it difficult to cast thin steel slabs without transverse 

cracking occurring. Comineli et al. [115] examined Ti-Nb microalloyed steels and indicated 

that a fast cooling rate, ~240°C min-1, resulted in more solute in the matrix for the subsequent 

strain induced precipitation, giving poor hot ductility. However, the slow cooling rate, ~24°C 

min-1, provided a longer time for precipitation to occur at higher temperature so making them 

coarser. Typically, the nose temperature for Nb(CN) precipitation is 950°C [116] and the 

degree at which Nb(CN) precipitation effects hot ductility is governed by the nitrogen level 

since these precipitates are rich in N when precipitating in the austenite [57]. It is also important 

to restrict the Al level to 0.04% in Nb-bearing ferrite/pearlite steel since above this level hot 

ductility deteriorates and with Nb additions hot ductility can be particularly poor for HSLA 

steels of peritectic C composition [117].  

Earlier work investigating the hot ductility of HSLA steel confirmed that an increase of Nb 

content was found to deteriorate hot ductility in the austenitic region due to successive Nb(CN) 

precipitation at the grain boundaries [73]. The static precipitation of Nb(CN) reached a 

maximum as the temperature decreased below 1000°C. Moreover, by comparing the influence 

of Nb, Mo and V on dynamic recrystallisation in microalloyed steel, Andrade et al. [118] found 

that Nb has the highest effectiveness in retarding the onset of recrystallisation. This is attributed 

to the critical strain required for fracture propagation being low in comparison with the strain 

needed for recrystallisation to occur. Dynamic recrystallisation was documented to be 

important to promote maximum dissolution of fine Nb(C,N) precipitates as well as minimising 

the segregation rate of these elements at the grain boundaries and at the interfaces between the 

remaining undissolved precipitates and the matrix [119]. Mintz and Arrowsmith [44] have also 

indicated that Nb additions give worse hot ductility to microalloyed steel as a result of Nb(CN) 

precipitation at the austenite grain boundaries so encouraging grain boundary sliding leading 

to intergranular fracture. This behaviour was even enhanced by Al additions giving finer NbCN 

precipitation and hence pinning the boundaries more effectively. Although Nb was found to be 

beneficial in strengthening the austenite matrix, this led to stress concentration on the grain 

boundaries. The influence of Nb on hot ductility is negligible in the presence of either B or Ti, 

since Nb(C,N) precipitates do not form due to the weaker chemical affinity of  Nb compared 

with both elements, TiN and BN forming instead [120,121].   
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Banks et al. [122] observed that higher contents of Nb and N contribute further in deteriorating 

hot ductility in peritectic carbon steels leading to a finer and higher volume fraction of Nb(C,N) 

particles as observed in Figure 2-31. 

(a)  

(b)  

Figure 2-31 (a) Effect of Nb on hot ductility in high- N steels, (b) effect of N content on the 

hot ductility of C-Mn-Nb-Al steels [122]. 

Niobium is preferred over vanadium mainly due to Nb being less soluble in austenite at the 

temperatures of straightening and rolling stages. Consequently, greater hardening of austenite 

is achieved leading to a finer microstructure and thus improved properties [123].  

Although fine Nb precipitates lead to worse hot ductility at high temperatures, Zhou et al. [124] 

reported that nano-size Nb precipitates can hinder dislocation recovery by the pinning effect 
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and thus strengthen the relatively soft austenite matrix, enhancing steel strength at room 

temperature.  

2.4.5 Titanium   

Titanium is a very reactive element compared to the other alloying additions. Banks et al. [125] 

have examined the hot ductility of a Ti–Nb containing peritectic steel under a testing technique 

which incorporates the primary and secondary cooling cycles to better simulate the industrial 

cooling cycle. They found that Ti additions are beneficial to hot ductility due to a reduction in 

the fraction of fine particles meaning that transverse cracking of industrial slabs can be avoided. 

The influence of Ti additions on the hot ductility of B and high Al containing TWIP steels 

under the as casting and reheating conditions have been examined by Kang et al. [15]. The hot 

ductility was improved and adequate to avoid transverse cracking for the temperatures ˂950°C 

due to the combination of Ti with all the N. The best hot ductility was achieved by having the 

Ti level above the stoichiometric so avoiding the detrimental precipitation of AlN and BN at 

the boundaries. However, in this work, some of the TiN particles were taken back into solution 

upon reheating to 1250°C and then re-precipitated out during cooling in a finer form leading 

to poor hot ductility for temperatures ˃950°C.  

Normally, Nb precipitates in a fine form as particles Nb(C,N) so deteriorating hot ductility 

[122].  Al additions precipitate as AlN in a different form surrounding the grain surfaces with 

very thin films which can seriously damage the ductility. However, it has been confirmed that 

the addition of nitride-forming elements plays a major role in promoting Nb precipitation at 

higher temperatures [66]. This is because Ti being one of the strongest nitride-forming 

elements, precipitates at elevated temperatures as coarse TiN particles which then form the 

nucleating sites for attracting most of the Nb before the straightening operation of the strand 

takes place [126]. The amount of Ti needed to achieve the maximum hot ductility has been a 

major question and considerable work has been conducted to identify the optimum Ti additions, 

In previous work [61], for thick slabs, 0.02%Ti addition was found to be adequate to improve 

hot ductility in a steel containing 0.023% Nb and 0.009% N.  

It is suggested from the literature [127] that the influence of Ti on the hot ductility of N-bearing 

steel can be beneficial or detrimental depending on the Ti/N ratio. Although they did not 

identify a specific Ti addition, Liu et al. [127] recommended not to raise Ti/N ratio in austenitic 

steel more than ~7 to avoid the detrimental effect of Ti(C,N) precipitation at the grain 
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boundaries and triple junctions leading to weak cohesion between the grains and accelerating 

crack growth.  

Luo et al. [128] found that a high Ti/N ratio in the range of 3 to 6 is detrimental to hot ductility 

even when a secondary cooling step is included. On the other hand, an improvement was 

recorded by lowering the Ti/N ratio to ~2.5 as reported by Abushosha et al. [61]. In the former 

case, the high ratio led to larger volume fraction of fine strain-induced TiN precipitates. 

However, restricting the Ti/N ratio in the latter case minimised the volume fraction of TiN yet 

was sufficient to avoid AIN from precipitating out which is reflected by the hot ductility 

improvement.   

The beneficial influence of Ti on allowing its coarse particle size at high temperatures to serve 

as sites for Nb and Al to precipitate out on cooling also applies to B precipitation as reported 

by Cho et al. [120]. It was observed that the Ti free B-bearing microalloyed steel had poor hot 

ductility due to BN precipitating at grain boundaries and weakening them (Figure 2-32). 

Adding a small amount of Ti, although, did not prevent BN precipitation due to the  Ti/N ratio 

being too low~1.6 but improved hot ductility as the BN precipitation distribution pattern 

became more homogeneous and concentrated in the matrix rather than boundaries so reducing 

strain localisation at the boundaries.    

 

Figure 2-32 Hot ductility of B steel, B-Nb steel and a B-Nb-Ti steel [120]. 

Unlike niobium and vanadium precipitates, Ti precipitates do not inhibit static recrystallisation 

since they form at high temperatures and become too coarse to hinder the recrystallisation 

process [129].  
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Although most research work [15, 61, 120, 126] has shown a considerable improvement in hot 

ductility as a function of Ti, Salas-Rayes et al. [130] have reported otherwise. They investigated 

the internal cavities propagation of TWIP steel under uniaxial loading at high temperature. In 

the Ti-free steel, cavitation occurred and this led to poor hot ductility causing premature failure 

during forming. Indeed, the addition of Ti gave higher volume fractions of cavities and resulted 

in predominantly brittle fracture caused by finer grain-boundary precipitation, so weakening 

grains cohesion and activating crack growth through grain boundary sliding.  

There has been a serious difficulty in simulating the continuous casting process for Ti 

containing steels to predict transverse cracking in the laboratory [131]. This arises since 

thermal history has a critical influence on Ti precipitation during solidification and thus 

influencing precipitation of other elements whose behaviour is affected by Ti  such as N, Nb 

and Al, respectively. During continuous casting, the temperature drops very quickly from the 

melting point in the mould reaches a minimum and then rises (known as the undercooling step) 

and this is followed by the temperature falling but at a slower cooling rate (Figure 2-4). As a 

result, there is a high temperature gradient between the centre and the surface of the strand 

[125]. It has been extensively shown that the addition of Ti leads to better hot ductility in the 

presence of the undercooling step [45, 60, 128,132] and this explains the better hot ductility 

given by the industrially cast steel compared to the laboratory produced steel when there is no 

undercooling [133]. The main drawback of the simplified hot tensile testing, although being 

widely used [132], is that the thermal process does not take into consideration the temperature 

oscillations during casting and rolling, and instead, an average cooling rate is utilised. 

Therefore, many attempts have been made to apply the in-situ melting conditions with a similar 

cooling cycle, to better simulate the practical continuous casting of the Ti containing steel in 

the laboratory. This resulted in a better agreement in the hot ductility pattern [41]. Employing 

in-situ melting conditions is desirable to ensure complete resolution of Ti particles since the 

solubility of Ti increases on increasing temperature (Figure 2-33) [134].  
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Figure 2-33 Solubility products of nitrides and carbides in austenite as a function of 

temperature [134]. 

Carpenter et al. [66] designed a complex thermal pattern to simulate the cooling regime used 

during continuous casting in a Ti-Nb containing steel after melting. A marked improvement of 

hot ductility was recorded in comparison with the simplified hot-ductility test which was 

attributed to the formation of coarser TiN particles, due to slower cooling conditions. 

Coarsening of Ti particles is guaranteed in this situation as more time is given for particles’ 

growth. Figure 2-34 shows a typical relationship between particle size and %RA. Again, it can 

be seen that to achieve 40% RA the particle size needs to be greater than about 15nm.  

 

Figure 2-34 %RA as a function of niobium carbonitride precipitate mean diameter in the Nb 

and Nb-Ti steels in the austenite phase [66]. 

2.4.6 Vanadium  

Vanadium was found to influence hot ductility of steel through VC and VN precipitates at high 

temperature [135-138]. Although the research work on the effect of V on the hot ductility of 

TWIP steel is limited, there had been an extensive work on other types of steel, mainly 

microalloyed steels. The behaviour of V at high temperatures is similar in all types of steel to 
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a certain extent and literature can help assess the ability of V to control the hot ductility of 

TWIP steel. 

Reyes et al. [135] have examined the influence of a V addition on the hot deformation of TWIP 

steel in the temperature range of 900-1100°C. Unexpectedly, the addition of V did not show 

any change in the hot flow behaviour and this was explained by the low formation temperature 

of VC ~1010°C, according to FactSage thermochemical software and databases. Above this 

temperature, V remained in a solid solution state, so would have no effect on hot ductility. In 

case of microstructure, the V-bearing steel was found to exhibit a slightly finer grain size 

suggesting that V can have some control of the size of the recrystallised grains during hot 

deformation. Precipitation of VC could be promoted by lowering strain rate, so giving more 

time for precipitation to occur.  

V starts precipitating at a relatively low temperature, ~950°C, compared to Ti and Al. Above 

this temperature, V is still in solid solution state and the influence of V on hot ductility can be 

only evident at the temperatures below 950°C, where V could be precipitated [139,140]. 

Mintz and Abushosha [141] examined the effect of V content (0.01 – 0.1%) on hot ductility of 

microalloyed steel and observed that higher V additions led to worse hot ductility (Figure 2-

37) This was linked to the precipitation behaviour of the VN particles, as a higher volume 

fraction of precipitation occurs when the V content is increased at a constant N. In comparison 

with other alloying elements, precipitation of V particles is characterised by its ability to 

coarsen more rapidly due to its high solubility so is less detrimental to hot ductility [142]. V 

has also been found to precipitate randomly in the matrix, unlike many other alloying elements 

which appear at grain boundaries [142]. 
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Figure 2-35 Influence of V content on the hot ductility of steel for the base composition: 

0.1%C, 1.4%Mn, 0.3%Si, 0.003%S, 0.016%P, 0.03%Al and 0.005%N [141].  

Mintz and Arrowsmith [143] have shown that V and Nb behave similarly except that V is less 

effective due to its high solubility in austenite. Although V is also a nitride forming element, 

formation of VN is often absent in the presence of Al or Ti as both elements have a higher 

chemical affinity for N leaving no N to combine with V.  It was therefore recommended by 

Coleman and Wilcox [144] that the detrimental effect of VN could be minimised by the 

addition of Al to the composition.  

The hot ductility of a medium carbon V-bearing steel, ~0.11 wt.%V, was assessed by Lee et 

al. [145], and showed excellent behaviour in the temperature range 950-1100°C (Figure 2-36). 

However, the hot ductility fell upon lowering temperature from 950 to 800°C which is above 

the Ae3 temperature so the microstructure was fully austenitic. This behaviour was ascribed to 

V(C,N) precipitation at the austenite grain boundaries. These precipitates were found to be 

accompanied by precipitate free zones adjacent to austenite grain boundaries. These zones are 

weak and lead to stress concentration during deformation giving poor ductility. As mentioned 

earlier, V precipitation starts below 950°C so any improvement above this temperature can not 

be due to the vanadium addition. 
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Figure 2-36 Hot ductility behaviour in a medium carbon steel containing vanadium for the 

base composition: 0.52%C,0.26%Si,1.0Mn,1.1Cr–0.11V–0.019Al [145]. 

Further examination by TEM at 850°C on the medium carbon steel with vanadium confirmed 

the presence of V(C,N) precipitates which acted as void nucleation sites at austenite grain 

boundaries (Figure 2-37). The rapid growth of these voids led to their coalescence and 

subsequently to intergranular fracture. More published work [141,146] also confirmed the 

deteriorating influence of V on the hot ductility of steel due to V(C,N) precipitation at austenite 

grain boundaries which could explain the promotion of grain boundary sliding and the 

formation of precipitate free zones. It is therefore recommended to straighten the continuous 

cast strand at temperatures as high as possible in the V-bearing steel to minimise the transverse 

cracking of the slab which could be caused by the V(C,N) precipitation at lower temperatures.  

 

Figure 2-37 Void nucleation sites on V(C,N) precipitates at austenite grain boundaries (a) 

TEM micrograph, (b) optical micrograph of the fractured sample at 850°C for the base 

composition: 0.52%C,0.26%Si,1.0Mn,1.1Cr–0.11V–0.019Al [145]. 
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2.4.7 Boron  

It has been proved that the detrimental effect of S and P on hot ductility can be prevented by 

the addition of boron (B), which segregates preferentially to the boundaries and strengthens 

them [147,148].  

The effectiveness of B in improving hot ductility of steel depends mainly on the amount of Ti, 

and N in the composition as well as the cooling rate as reported by Kang et al. [146] in a TWIP 

steel containing 0.0025%B.  The beneficial influence of B on hot ductility depends on how 

easily B can segregate to the boundaries and its ability to strengthen them. However, since B 

is a nitride forming element, it combines with N to form BN which weakens the boundaries 

leading to poor hot ductility [85].  AlN is in fact more stable than BN but because of boron's 

smaller atomic size, it diffuses faster to form BN at the expense of AlN [99]. Other compounds 

such as Fe23(B,C)6 and B4C can also form but they are less detrimental to hot ductility in 

comparison to boron-nitride compounds [149]. These particles are coarser and accumulate 

preferably on MnS and TiN particles and can be found in the matrix and grain boundaries of 

austenite while their volume fraction increases with the increase of boron content [20]. 

Therefore, strong nitride forming elements are desired to gain the full potential of B in 

improving hot ductility [150]. Ti additions allow all the N to combine with Ti to form one of 

the most thermodynamically stable nitrides [151]. Therefore, BN precipitation is avoided, 

leaving B to segregate solely to the boundaries and so improve hot ductility, as observed in 

previous studies [152,153]. In this case, the amount of Ti must be higher than the stoichiometric 

ratio for TiN of 3.4 (i.e.Ti:N ratio ≥ 3.4) [154].  Segregation of B was observed throughout the 

temperature range 700-1200°C [123], so resulting in a better hot ductility throughout most of 

this temperature range (Figure 2-38).    
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Figure 2-38 Hot ductility of Ti-bearing TWIP steels compared with a similar B-free steel for 

the base composition: 0.6%C, 18.3%Mn, 0.2%Si, 0.02%P, 1.5%Al and 0.008%N [146]. 

Chown and Cornish [85] reported that increasing B:N ratio from 0.19 to 0.47% improved the 

hot ductility in the austenitic phase of a microalloyed steel containing Al. Further improvement 

was obtained by increasing the B:N ratio to 0.74%, which completely eliminated the hot 

ductility trough. The poor hot ductility at the low B:N ratio of 0.19 was attributed to the "fine" 

precipitation of AlN at the grain boundaries and was exacerbated by precipitation of fine 

(Cu,Fe,Mn)S. Higher B:N ratios minimised the formation of the fine (Cu,Fe,Mn)S precipitates 

by encouraging co-precipitation of CuxS with coarse BN. 

The role of cooling rate (18 – 180°C min-1) was also examined as a function of B:N ratio. 

Generally, in the slower cooling rate range (18 - 72°C min-1), typically experienced by thick 

slab and bloom, a low B:N ratio of 0.47 was adequate to avoid a ductility trough. However, to 

avoid the trough, a higher B:N ratio of 0.75 was essential at the high cooling rate of 180°C min-

1, associated with thin slab and billet casting [85].  

Yamamoto et al. [61] observed that reducing the cooling rate from 20 to 0.1°C/s moved BN 

precipitation from austenite grain boundaries to within the grain interiors and the nuclei of the 

MnS inclusions. The worst scenario for good hot ductility in B-bearing steels is the absence of 

Ti accompanied by the use of fast cooling rates. This induces fine BN precipitation, so reducing 

the interparticle spacing and allowing cracks to interlink more rapidly, promoting intergranular 

failure due to microvoid coalescence. This fine precipitation can delay dynamic 

recrystallisation through the pinning of grain boundaries or pinning of individual dislocations 

and hence increase the amount of grain boundary sliding [155]. 
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Chipres et al. [156] have also analysed the effect of B contents (0.0029-0.0105wt.%) on the hot 

ductility of microalloyed steel. Generally, hot ductility improved by increasing the B content 

due to segregation of boron at austenite grain boundaries, which could give higher resistance 

to grain boundary sliding [157,158].  

B segregation near the boundaries starts at high temperature, when grain boundary sliding is 

also taking place [157,158]. The detrimental effect of grain boundary sliding is minimised by 

this segregation so hot ductility improves [159]. Another study by Laha et al. [160] suggested 

that the hot ductility improvement given by B-bearing steels was due to precipitates in grain 

interiors and boundaries altering the character of the interface of matrix/precipitates and grain 

boundary/precipitates in such a way that hinder the formation of micro-cavities and decrease 

their growth rate significantly.  

Mejia et al. [161] studied the hot ductility of a low carbon advanced high strength steels 

(AHSS) as a function of boron addition. They concluded that the addition of 0.0117%B 

enhanced the hot ductility significantly throughout the temperature range (650-1150°C) as 

shown in Figure 2-39.  

 

Figure 2-39 Hot ductility curves as a function of boron for the low carbon advanced high 

strength steels (AHSS) for the base composition: 0.06%C, 0.35%Mn, 0.3%Si, 2.2%Ni, 

1.2%Cr, 0.5%Cu, 0.2%V and 0.006%N [161]. 

The improvement reached a maximum at 750°C but the improvement rate decreased at both 

temperature ends: low and high temperature ends. At the low-temperature end, this decrease 

was associated with the presence of inclusions and precipitates, particularly MnS and V(C, N) 

coupled with voids, which play an important role on the crack nucleation mechanism. 
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However, the hot ductility improvement at the high-temperature end was due to dynamic 

recrystallisation and the improvement rate declined due to the grain boundary sliding. 

However, Chipres et al. [162] pointed out that B can delay the onset of dynamic 

recrystallisation without clarifying the cause but it is often observed that most alloying 

elements reduce the temperature for the start of dynamic recrystallisation. In addition, Lis et 

al. [149] have shown that boron nitride can supress dynamic recrystallisation of austenite 

during hot working. In contrast, Mejía et al. [163] pointed out that B and Ti (0.004 and 

0.014wt.% respectively) can accelerate dynamic recrystallisation in TWIP steel at the 

intermediate temperature range (800-900°C) (Figure 2-40) with reduced cavity nucleation and 

growth during hot working. The finer recrystallised grains can reduce the stress concentration 

acting on grain boundaries and hence isolate crack propagation [164]. Indeed, stress 

concentration can weaken the grain boundary whereas at higher temperature, where grain 

boundary sliding takes place, both mechanisms severely enhance the development of cracks, 

therefore reducing the elongation to fracture [165].  

 

Figure 2-40 Volume fraction of recrystallised grains for not microalloyed (NM) and Ti/B 

alloyed TWIP steels. B and Ti are 0.004 and 0.014wt.%, respectively for the composition: 

0.5%C, 22%Mn, 1.3%Si, 1.5%Al and 0.012%N  [163]. 

However, Campbell [166,167] considered boron to be a beneficial element in reducing 

transverse cracking during casting through the inhibition of bifilm formation as boron has the 

capability to lower the melting temperature of the surface oxide in the liquid steel.  

2.4.8 Phosphorus 

Despite its ability to increase strength, phosphorus (P) is generally considered to be an 

undesirable impurity in steel as it can give brittle fractures for steels at room temperature. 
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Phosphorus is well known for its tendency to deteriorate hot ductility through its precipitation 

as the low melting point iron phosphide phase at grain boundaries which weakens their 

cohesion and promotes intergranular failure [168].  

Segregation kinetics of P to the boundaries is often non-equilibrium and is dependent upon the 

structure as to whether the primary phase on solidification is austenite or ferrite, the former 

being more close packed, so more P will be rejected on solidification [169]. Since TWIP steel 

is austenitic and contains a high C content, it is not surprising that P segregation will always 

be more intense during solidification, giving more chance for the formation of the deleterious 

low melting point phosphide phase and this would be expected to be greater in as cast steel 

where segregation would be more intense.  

Suzuki et al. [170] observed the detrimental effect of P only in the carbon steels having C 

contents higher than 0.25%. The segregation of P is very much influenced by the carbon content 

and above 0.25%, the melt solidifies as the close packed austenite phase and not the more open 

δ ferrite (Figure 2.1-23). 

In the case of Suzuki et al.'s work, the detrimental effect of P on hot ductility was attributed to 

the precipitation of P along the dendritic interface which later moved to the austenite grain 

boundary. Based on these observations, it was recommended to employ a dephosphorisation 

technique in higher carbon steels to effectively increase hot ductility and produce defect free 

blooms or slabs on continuous casting. However, later work by Harada et al. [171] showed that 

intense microsegregation of P at the austenite grain boundaries can occur during solidification 

even in a low C bearing steel (0.1 - 0.2%C). In contrast, Mintz and Arrowsmith have reported 

that hot ductility improves in Nb containing HSLA steels by raising P addition from 0.01 to 

0.02% in the temperature range (800-1000°C) [44]. The improvement was explained by 

suggesting that P needs vacant sites to be able to diffuse but Nb(CN)  also requires the vacant 

sites for precipitation. Hence when Nb(CN) precipitates out it reduces the number of vacant  

sites and so reduces P segregation leading to better hot ductility [172]. 

However for higher P contents, the low melting point iron phosphide forms [173]. Mintz et al. 

[173] examined the influence of P contents in the range of 0.01-0.045% on the hot ductility of 

microalloyed Nb-bearing steel and showed that hot ductility was worse at the higher levels of 

P. Failure was found to be intergranular in all the P-bearing steels as a result of the formation 

of films of a low melting point P rich phase and the presence of Nb(CN) at the grain boundaries. 

Thicker and more continuous films were observed in the higher P containing steels. It is 
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believed that the P rich films contain the low melting point phase Fe3(Mn)P or Fe3P, which 

solidify at low temperature ~950°C. Indeed, the slight improvement of hot ductility in the low 

P containing steel was justified by back diffusion of P during the holding time at high 

temperatures and the slow cooling rate used.  More time was given for P to segregate back 

from the boundaries to the matrix and hence reduces the probability of crack formation and 

development along the grain boundaries. It was then recommended to restrict P content to 

0.01% and slow down the cooling rate after solidification to prevent heterogeneous distribution 

of P.  

These results are in agreement with those reported by Kang et al. [174] who examined the hot 

ductility of TWIP steel at various P contents (0.01-0.07%). They, observed that hot ductility 

generally deteriorates as the P content increases, which was accounted for by the segregation 

of P to the boundaries leading to the formation of the low melting point Fe(Mn) phosphide at 

the austenite grain boundaries.  

Guo et al. [175] have also looked at the influence of P content (0.01-0.06%) on the hot ductility 

of low alloy steel and reported that the hot ductility trough was widened and deepened at the 

high P content throughout the temperature range 700-1200°C due to concentrated phosphorus 

segregation at the austenite grain boundaries.  

Therefore, it can be concluded from literature that phosphorus is generally detrimental to hot 

ductility and should be minimised to the lowest possible level preferably ~0.01%.  

2.4.9 Silicon  

The information in the literature on the influence of silicon (Si) on the hot ductility of steel is 

very limited due to the fact that Si content in a typical steel is only in the narrow range of 0.02-

0.5%, which is too low to cause any transverse cracking. Nevertheless, electrical steels contain 

a relatively higher level of Si, which can reach up to 3%, making it difficult to cast this type of 

steel without cracking [176].     

Mintz et al. [176] showed that increasing Si level in a TRIP steel from 0.3 to 1.22% gives lower 

hot ductility even in the temperature range above Ae3 in which the structure is fully austenitic 

(Figure 2-41).  
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Figure 2-41 Effect of silicon on the hot ductility of C-Mn-Al steel, steel 1 has 0.3%Si and 

steel 2 has 1.22%Si for the base composition: 0.15%C, 1.45%Mn, 0.30%Si, 0.008%S, 

0.003%P, 0.02%Al and 0.06%N [176]. 

 

Maehara and Nagamichi [177] have studied the influence of Si on the hot ductility of low 

carbon steel with particular emphasis on the relationship with Al and N. Generally, increasing 

either Si or N had a negative effect on hot ductility (Figure 2-42) accompanied by intergranular 

fracture of austenite. This was attributed to the dynamically enhanced precipitation of the 

hexagonal close packed (hcp) (Si, Al)N on the austenite grain interiors and boundaries .  In the 

absence of Al, silicon nitride was formed. However, it should be noted that once the N level 

was below 0.005%N, there is only a small deterioration in ductility (Figure 2-42(a)). In 

addition, precipitate free zones were present, adjacent to the austenite grain boundaries 

encouraging strain concentration and leading to microvoid formation and coalescence. In the 

light of the current work on TWIP steel, the amount of Si does not exceed 0.1% and hence any 

deleterious influence on hot ductility is minimised.  
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(a)  

(b)  

Figure 2-42 (a) Effect of silicon content  on the hot ductility of C-Mn-Al steel, (b) effect of 

silicon content as a function of nitrogen content on the hot ductility of C-Mn-Al steel for the 

base composition: 0.1%C, 1.2%Mn, 0.01%P, 0.01%S, 0.03%Al and 0.005%N [177]. 
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3 Literature review: Mechanical properties of hot rolled HSLA steel 

3.1 Overview  

The superior properties offered by HSLA steel over the former C-Mn steels make them popular 

in a variety of industrial applications. The most critical properties considered in engineering 

industry are lower yield strength and impact behaviour. An overview of the main characteristics 

of these steels and details of their types and their main strengthening mechanisms is illustrated 

in this section.  

3.1.1 Characteristics of HSLA steel 

The motivation to develop HSLA steel has been attributed to the following [178]:   

 The production cost of HSLA steel is relatively low. 

 Weight reduction requirements; especially for the automotive industry. The higher 

strength of HSLA steel makes it possible to reduce the thickness of steel plates used 

in vehicle production. 

 In the past, higher ultimate tensile strengths in steel could be produced by increasing 

the carbon content but these steels were difficult to weld, which limited their use in 

many engineering applications, such as pipe-line which requires both a high yield-

strength steel and good weldability. The lower carbon content of HSLA steel 

facilitates the welding process using the current and basic welding procedures. 

 Microstructure and mechanical properties can be controlled easily and cheaply; 

strength can be enhanced through vanadium and niobium additions as both elements 

do not react with oxygen during the steel melt processing. These elements can 

combine with C and N forming nitrides and carbides which can strengthen the steel 

by grain refinement and precipitation hardening. 

3.1.2 Types 

HSLA steel can be classified into six main categories based on chemical composition, 

microstructure and properties [179,180]: 

 Ferrite-pearlite steels which contain small amounts of nitride, carbide and 

carbonitride forming elements, ≤0.1wt.per.cent, for precipitation hardening and 

grain refinement. 

 Pearlitic steels which contain higher contents of carbon to increase the volume 

fraction of pearlite in the microstructure, and so improve the strength and wear 

resistance. 
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 Acicular ferrite steels containing small amounts of carbon, ≤0.05%. The steel offers 

high yield strength, ~700MPa, good toughness, weldability and formability. 

 Weathering steels, containing small additions of specific alloying elements, such as 

phosphorus and copper to enhance atmospheric corrosion resistance and solid-

solution hardening. 

 Dual-phase steel; the name indicates their mixed microstructures, which consists of 

martensite dispersed in a ferritic matrix. The steel has an excellent combination of 

high tensile strength due to the presence of martensite and good ductility due to the 

presence of ferrite in the microstructure.   

 Inclusion-shape-controlled steels, containing small amounts of the rare-earth 

elements or titanium, zirconium and calcium in order to control the shape of the 

sulphide inclusions. The process aims to change sulphide inclusions shape from 

elongated stringers to small, dispersed, almost spherical globules to improve 

ductility and toughness. 

3.1.3 Strengthening mechanisms 

The strengthening mechanisms of HSLA steels can be classified into the following categories 

[178,179,181]: 

 Solid-solution strengthening: dislocation movement during loading is impaired by 

the presence of interstitial and substitutional solute atoms in a crystal lattice. The 

resistance to dislocation movement depends on the solubility of the solute atoms of 

the alloying elements in the steel. 

 Grain-boundary strengthening: grain boundaries are effective in obstructing 

dislocation movement. This leads to higher strengths and the finer grain size limits 

crack propagation, improving the impact behaviour. Therefore, a finer grain size 

will increase strength and toughness, simultaneously. 

 Dislocation strengthening: the dislocation density on deformation increases as the 

load increases. Due to the high volume of dislocations induced during loading, 

dislocation movement is obstructed by other dislocations moving in the opposite 

direction. The efficiency of this mechanism is governed by the degree of saturation 

of the structure with dislocations. 

 Precipitation strengthening: the high additions of carbide, nitride and sulphide 

forming elements leads to super-saturation of the solutes at high temperature. 

Consequently, second-phase particles precipitate out of solution on cooling to room 
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temperature and form at the matrix and grain boundary. The efficiency of these 

particles in improving strength depends on their characteristics, such as identity, 

size, location and volume fraction. However, precipitation must be carefully 

controlled so that the toughness is not impaired too much. 

 Phase-transformation strengthening: steel passes through various phases during 

heating and cooling. The presence and amount of phases depends on the temperature 

and alloying composition. Each phase has its own properties. In case of equilibrium 

cooling of steel, the main phases present are austenite, ferrite and pearlite. The 

strengthening mechanism depends on the nature of the phases present and their 

volume fraction. 

3.2 Rolling of HSLA steel 

Many flat products are produced by rolling, meeting both requirements of reliability and cost 

effectiveness [182,183]. A typical rolling facility consists of a reheat furnace, sizing press, 

roughing mill, finishing mill for plate steel and for strip steel, used mainly for  car bodies a  

run-out table and coiler (Figure 3-1) [184].  

 

Figure 3-1 Schematic illustration of traditional hot rolling process [184]. 

 

The process starts by heating the ingot up to a high temperature in a furnace in order to dissolve 

all the alloying elements. The ingot is then transferred to the roughing mill which shapes the 

ingot into a conveniently shaped slab which can then be easily progressively hot rolled to the 

desired thickness. Due to the reactivity of steel with oxygen during rolling, an oxide scale 

usually forms on the outer surface of the steel.  The rolled plate after cooling down to room 
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temperature has the scale removed. The cooling rate to room temperature after hot rolling can 

be optimised to achieve the desired microstructure. 

Hot rolling is a simple process and it offers lower production cost in comparison with control 

rolling. However, microstructure, including grain growth and precipitation morphology, cannot 

be controlled during this rolling process. After casting the grain size is very coarse and the high 

finishing temperature approx. 950-1000°C ensures that the grain size remains coarse leading 

to poor strength and impact behaviour. Intergranular fracture is enhanced in coarse grained 

structures leading to hot surface cracking of slabs in some HSLA steels and subsequent 

difficulties when it comes to hot rolling them [185-187]. Because the finishing temperature is 

so high on hot rolling the resultant grain size is coarse and as such the mechanical properties 

are poor and this can also be accompanied by an in-complete breakdown of the as cast 

microstructure. Thus, controlling grain growth behaviour during processing is essential to 

achieve good hot ductility and the optimum mechanical properties. This can be achieved by 

control rolling where the finishing temperature can be in the range 800-900°C but not by hot 

rolling. However, control rolling although more economical requires more complex, advanced 

equipment and smaller companies cannot afford the initial outlay. 

Globally, most small steelmakers still operate on the basis of traditional hot rolling and as 

already stated with this process, controlling microstructural evolutions during rolling is not 

possible resulting in poor mechanical properties [188]. In the most advanced control rolling 

technology, temperature during rolling is continuously controlled such that the austenite grain 

size is refined and the rolling is interrupted with a hold to allow the plate to attain a lower 

temperature during the rolling process. Moreover, phase transformation and its consequences 

such as precipitation behaviour are optimised during cooling of the slab [189]. The refinement 

of the austenite grain size gives higher area fraction of boundaries, which in turn increases the 

number of nucleation sites for ferrite grains during transformation. Consequently, the 

mechanical behaviour is enhanced due to the beneficial effect of the finer ferrite grains 

[190,191]. A typical schematic representation of various processes taking place during control 

rolling of C-Mn-Nb steels is illustrated in Figure 3-2.  
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Figure 3-2 Schematic representation of various processes taking place during control rolling 

of C-Mn-Nb steels [192]. 

Control rolling normally ends at a temperature slightly higher than Ar3 (the temperature at 

which austenite begins to transform to ferrite during cooling) or higher than Ar1 (the 

temperature at which transformation of austenite to ferrite or to ferrite and cementite is 

completed during cooling) but lower than the austenite recrystallisation temperature, TR. The 

degree of grain refinement depends on the amount of dislocations and slip bands (localised 

dislocation slipping in an individual grain) in non-recrystallised austenite [178,180,128]. A 

higher dislocation density and a greater number of slip bands results in an increase in the 

nucleation sites during the austenite to ferrite transformation, leading to finer ferrite grain 

structure [178,180,218]. More advanced control rolling techniques have been developed to 

better control the recrystallisation process. This is known as dynamic recrystallisation control 

rolling. In this process, the overall strain is higher with finish rolling while the deformation 

from pass to pass is accumulated. As a result, the critical strain required to induce dynamic 

recrystallisation is exceeded and hence a very fine grain size is obtained. Cooling rate in control 

rolling process generally depends on the desired microstructure. Air cooling is normally used 

after rolling to obtain ferrite-pearlite structures. However, accelerated rolling is utilised to 

refine the ferrite grain size and to enrich the rest of the matrix with non-equilibrium phases 

martensite and/or bainite [178,180,193].  
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3.3 Factors that influence the mechanical properties 

3.3.1 Rolling strain rate 

In the 1980s, the hot rolling of steels, such as by hot strip mills, utilised low rolling speeds so 

that the strain rate of several hundreds per second were attained [194]. As the production 

technology of metals has been developed over the last two decades, the hot rolling strain rate 

of a metal billet has considerably increased and can now take place at strain rates of 6000 per 

second [195]. In general, the strain rates for plate are much slower than for strip steel. As the 

rolling process starts in the roughing stage, the strain rate is low due to the high thickness of 

the plate but the strain rate will increase gradually at each pass as the plate becomes thinner 

until the final pass on the strip mill is attained. The start of the hot rolling range of strain rates 

is very high compared to that normally used in a tensile test and other laboratory tests are 

needed to simulate the rolling operation. In tensile tests, the strain rates go only up to a 

maximum of 1 per second during the test, only the start of the hot rolling range of strain rates 

and therefore other laboratory tests are needed to simulate the rolling operation. The most 

favoured has been torsion testing which has given similar results to that given by full scale 

rolling [196].  

Furthermore, Carretero et al. [197] have shown using a Gleeble simulation hot torsion mode  

equipped with cooling bed and coiling simulation furnace allows not only accurate control of 

strains, inter-pass times, temperatures and cooling rates for HSLA pipeline steels but also gives 

enough material for microstructural examination  and mechanical testing. 

 Nevertheless it has been suggested that laboratory hot rolling when possible still provides 

better simulation of processing constraints and deformation mechanisms than other thermo-

mechanical simulators. 

The strain rate used during rolling is also variable depending on the rolling temperature. In 

general higher temperatures enable higher strain rates to be used which in turn influences the 

austenite grain size and the final grain size and mechanical properties [198]. Suarez et al. [199] 

applied different strain rates (1 – 8 s-1) in the control rolling of microalloyed steel in the 

temperature range (1250-900°C) to monitor changes in grain size refinement. Higher strain 

rates were found to be beneficial in refining the ferrite and bainite grain size, in which the size 

was refined from 12 to 4µm as the strain rate increased from 1 to 8 s-1. Consequently, both 

ultimate tensile strength and yield strength showed a gradual improvement while toughness 

and elongation slightly deteriorated. The improvement was ascribed to grain size refinement 



64 

and dislocation hardening. In addition, precipitation strengthening was considerably enhanced 

at higher strain rates through promoting strain induced precipitation of NbC(N) throughout the 

matrix and grain boundaries. In addition, the work showed a small increase in both ultimate 

tensile strength (Rm) and yield strength (Rp0.2), but a significant drop in impact energy was 

observed as a function strain rate as presented in Figure 3-3 (a,b). Other work [200] emphasised 

that it is necessary to dissolve all the NbC(N) during re-heating stage for the best results. 

Thereafter, NbC(N) precipitation must be precisely controlled during rolling and cooling stages 

in order to obtain the full potential of the control rolling process and Nb precipitation [200]. 

(a)  

 (b)  

Figure 3-3 Mechanical properties of control rolled microalloyed steel as a function of strain 

rate (a) ultimate tensile strength (Rm) and yield strength (Rp0.2), (b) Charpy Impact energy for 

the base composition; 0.044%C, 1.69%Mn, 0.271%Si, 0.0091%P, 0.0016%S, 0.240%Ni, 

0.2170%Cu, 0.25%Mo, 0.0310%Al, 0.0554%Nb and 0.014%Ti [200].  

Nwachukwu et al. [201] investigated various rolling process parameters on the mechanical 

performance of hot rolled HSLA steel (St60Mn grade). Rolling strain rate was found to play a 

critical role in controlling mechanical properties, such as Young’s modulus, hardness, 

elongation, bendability as well as yield strength. Yield strength improved almost steadily on 

increasing the strain rate from 6.02851 * 103 to 6.10388 * 103 s-1 while toughness deteriorated 

as shown in Figure 3-4 (a,b). This deterioration was attributed to the presence of internal 
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stresses, non-uniform dislocation structures and second phase particles which led to coarser 

grain size and high amount of slippage and as the temperature went up, the grains coarsened 

and the slippage increased continuously [201].  

 

Figure 3-4 Rolling strain rate of hot rolled HSLA steel (St60Mn grade) versus (a) yield 

strength, (b) toughness for the composition; 0.41%C, 1.12%Mn, 0.24%Si, 0.021%P, 

0.008%S, 0.02%Cr, 0.03%Ni, 0.03%Cu and 0.010%N [201]. 

  

Similar behaviour was observed by Han et al. [202] who examined the influence of strain rate 

(0.0001-0.01s-1) at room temperature on the yield strength of a HSLA steel after rolling. They 

observed a slight increase in the strength as a function of strain rate (Figure 3-5).  Generally, 

the influence of strain rate on the flow stress of metals is not substantial at low temperature but 

becomes more pronounced as the temperature increases [203]. 

 

Figure 3-5 Room temperature Yield strength of hot rolled HSLA steel as a function of strain 

rate for the composition; 0.062%C, 1.2%Mn, 0.020%Si, 0.018%P, 0.006%S, 0.022%Cr, 

0.048%Ni, 0.094%Cu, 0.026%Al, 0.008%Ti, 0.003%V and 0.009%N [202]. 

3.3.2 Strain-induced precipitation 

It is well established that carbide and nitride forming elements such as Nb precipitate at the 

grain boundaries to give grain refinement by inhibiting growth of austenite, leading to a fine 

microstructure at room temperature [204]. In order to obtain the full potential of these 

microalloying elements for grain refinement, the control rolling process is used so as to increase 

the number of nucleation sites and so promote “strain-induced precipitation” [205].  
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Hong et al. [205] performed hot deformation tests on Nb-bearing HSLA steel (0.085%C and 

0.047%Nb) at a strain rate of 10 s-1 and observed that strain-induced precipitation started 

immediately with the test and continued for approximately 16 minutes (Figure 3-6). 

 

Figure 3-6 The precipitation-time-temperature (PTT) diagram showing the range of strain-

induced precipitation of Nb-bearing HSLA steel at a strain rate of 10 s-1 with the 

composition; 0.085%C, 0.30%Si, 1.5%Mn, 0.012%P, 0.003%S, 0.023%Al, 0.047%Nb and 

0.004%N, where Ps and Pf donate the start and finish time of the strain-induced precipitation, 

respectively [205].    

Cao et al. [206] examined the influence of Nb content (0.078-0.130%) on strain-induced 

precipitation behaviour of HSLA steel under various deformation temperatures (925-1000°C). 

During the re-heating stage, it was observed that Nb did not completely dissolve into the 

solution in the high Nb-bearing steels. The remaining undissolved Nb precipitates acted as 

heterogeneous nucleation sites for the strain-induced precipitates. Strain-induced precipitates 

formed faster at the deformation temperature of 975°C (Figure 3-7). The start time of strain-

induced precipitation was found to depend mainly on the supersaturated Nb content (the 

difference between the dissolved Nb after soaking and the dissolved Nb during deformation at 

a specific temperature). Higher contents of supersaturated Nb could promote the precipitation 

process at shorter time, meaning that higher Nb addition can promote strain-induced 

precipitation, and this effect became more pronounced as temperature continued decreasing 

(Figure 3-7). However, a high carbon content ≥0.13%C was found to delay the strain-induced 

precipitation even in the high Nb-bearing steel (Figure 3-7). This is due to the fact that C 

content can influence the dissolution of NbC(N) during the re-heating process, which affects 

the kinetics of dissolved Nb and undissolved carbonitride on precipitation [207]. It was also 

confirmed that the strain-induced precipitates have a stronger effect in delaying static 

recrystallisation than the solid solution of Nb atoms. However, this effect becomes much 
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weaker as the size of precipitates gets coarser [206]. In addition, the solubility of NbCN is 

higher at high soaking temperature, but it decreases as the holding time and deformation 

increases at lower temperatures, in which the supersaturated Nb will precipitate as NbC and 

NbC(N).   

 

Figure 3-7 The start time of strain-induced precipitation of Nb-bearing HSLA steel at 

different contents of C and Nb with the base composition; 0.27%Si, 1.7%Mn, 0.014%P, 

0.005%S, 0.015%Ti and 0.003%N [206]. 

3.3.3 Processing Temperature 

Temperature is considered as an important factor in controlling the kinetics of metallurgical 

phenomena during rolling process of HSLA steel, as, for example dynamic recrystallisation is 

mainly influenced by temperature. Moreover, higher temperatures encourage steel softening 

during the work hardening effect of rolling so that brittle fracture due to rolling forces is 

prevented [208,209]. Previous work [210] reported that soaking temperature, drafting schedule, 

finish rolling and coiling temperatures have major effects in processing of low carbon steel. 

The main parameters that are influenced are austenitisation, precipitation and recrystallisation 

behaviour, which strongly affect the final microstructures based on these processes and the way 

they interact with each other. Therefore, thermal variations can control the microstructural 

changes and this determines the mechanical behaviour of the final product [208,209]. 

Finish rolling temperature (FRT) 

The final pass during rolling is considered to be the critical step for improving the yield strength 

and toughness of microalloyed pipelines steels used in the oil and gas industry [211,212]. 

Therefore, the finish rolling temperature specified depends on chemical composition and 

desired mechanical properties [210]. Balogun et al. [213] have compared various ranges of 
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finish rolling temperatures (FRTs) for a conventional microalloyed hot rolled steel. The results 

showed that the higher the finish rolling temperature is, the lower is the yield strength. In 

particular, they observed that the optimum mechanical behaviour was achieved within 840 to 

860˚C FRT for the steel examined (Figure 3-8). It was also pointed out that FRT is far more 

important than the temperature at the roughing stand in influencing mechanical properties 

[214]. 

 

Figure 3-8 The influence of FRT on yield strength of hot rolled HSLA steel with the 

composition: 0.21 to 0.23%C, 0.20 to 0.25%Si and 0.50 to 0.60%Mn [213]. 

The previous study is in agreement with recent work by Nwachukwu and Oluwole [201] who 

investigated the influence of FRT on both yield strength and toughness. The lower the FRT the 

higher was the yield strength and the better the fracture behaviour. Both properties in HSLA 

steel (St60Mn grade) at various strain rates are presented in Figure 3-9. Generally, γ → α 

transformation should start near the end or immediately after FRT in order to obtain the finest 

grain size and more homogeneous distribution of ferrite-pearlite phases [215]. However, 

controlling the FRT is not simple as it is governed mainly by the duration of each rolling cycle 

and the extent and type of in-process cooling procedure [213]. 

 
                                      (a)                                                                      (b) 

Figure 3-9 The influence of FRT on the mechanical properties of HSLA steel: (a) yield 

strength, (b) toughness for the composition; 0.41%C, 1.12%Mn, 0.24%Si, 0.021%P, 

0.008%S, 0.02%Cr, 0.03%Ni, 0.03%Cu and 0.010%N [201]. 
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Panigrahi [210] provided a more detailed study on the effect of FRT on microstructure and 

mechanical properties of steel. The study classified FRT into five different categories based on 

phases present and recrystallisation kinetics. The five FRT categories are: (a) FRT in 

recrystallised austenite region, (b) FRT in unrecrystallised austenite region, (c) FRT in the 

middle of recrystallised and unrecrystallised austenite regions, (d) FRT in austenite- ferrite 

region and (e) FRT in ferrite region. 

(a) FRT in the recrystallised austenite region produces a fully recrystallised austenitic structure, 

which upon transformation provides a recrystallised ferritic structure. Ferrite nucleates on 

austenite grain boundaries and its grain size depends on the former recrystallised austenitic 

grain size and the subsequent cooling rate from FRT. The average ferrite grain size, dα, can be 

estimated using Equation 6 [210]: 

Equation 6 

dα = 3.75 + 0.18 dγ + 1×4 (dT/dt)-1/2 

where dγ represents recrystallised austenite grain size in µm and dT/dt is the average cooling 

rate in °C s-1. 

(b) FRT in unrecrystallised austenite region, which provides elongated austenitic structure with 

twins and deformation bands in microalloyed steel. Deformation bands form on 

inhomogeneities which block dislocations on numerous adjacent slip lines resulting in the 

lateral growth of the band. Therefore, ferrite nucleates intensively on twins and deformation 

bands as well as the austenite grain boundaries. In microalloyed steel, twins and deformation 

bands can form when reduction per rolling pass is above 20% in the unrecrystallised austenite 

region. Hence, finer ferrite grains are obtained in microalloyed steel due to the various 

nucleation sites available for ferrite upon transformation. 

(c) FRT in the middle of recrystallised and unrecrystallised austenite regions, which produces 

mixed ferrite grain sizes. The mixed ferrite grain sizes, which is caused by inhomogeneous 

deformation of austenite grains, leads to poor impact toughness. 

(d) FRT in austenite- ferrite region provides a mixture of ferrite and pearlite structures. Ferrite 

can be classified into two types; soft ferrite (recrystallised ferrite) and deformed ferrite (which 

may recover or recrystallise). As the temperature drops below Ar3 (the temperature at which 

austenite begins to transform to ferrite during cooling), ferrite starts nucleating on the austenite 

grain boundaries. Deformation occurring in the two phase (α+γ) region encourages strain 

hardening of austenite and ferrite grains. Ferrite nucleates on the deformed austenite grain 
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boundaries and also on dislocations within the austenite matrix. The strain hardened ferrite can 

recrystallise to finer grains or can either remain in unrecovered or recovered state. This depends 

on the chemical composition, temperature and percent reduction per rolling pass. In 

microalloyed steel, the microalloying elements can retard recrystallisation through stabilising 

the sub-structure. The growth of newly formed ferrite grains, which grow on austenite grain 

boundaries, will be hindered by sub-grain boundary walls. Toughness behaviour will depend 

on the degree of recrystallisation and recovery. Recrystallisation will improve toughness due 

to the fact that fine ferrite structure is characterised by high angle grain boundaries. Recovery 

will improve toughness but the presence of too much strain hardened ferrite will lead to a 

deterioration. 

(e) FRT in ferrite region, finish rolling at these temperatures (600-800°C) will increase roll 

wear, energy consumption. Dynamic recrystallisation is difficult in the ferrite phase. The 

produced slabs have high elongation and high anisotropy but very low yield strength, typically 

180-250MPa. 

Re-heating holding time 

Gong et al. [216] investigated the influence of holding time (0-100s) during re-heating at 

1200°C of HSLA on Nb and Nb-Ti bearing steels (0.03%Nb and 0.02%Ti). The study 

considered the Nb dissolution kinetics in austenite, and followed precipitation behaviour and 

grain size evolution. The austenite grain size was found to continue growing steadily with the 

holding time in the Nb-bearing steel as shown in Figure 3-10 (a). This was explained by a 

reduction in the pinning effect of NbC and Nb(C,N) on the grain boundaries due to the fact that 

Nb continually dissolved into the austenite during re-heating (Figure 3-10 (b)), so giving fewer 

Nb precipitates to pin the boundaries (Figure 3-10 (c)). It is worth mentioning that the rate of 

grain size coarsening in the Nb-bearing steel was higher than the Nb-Ti-bearing steel (Figure 

3-10 (a)). This was attributed to the lower stability of NbC and Nb(C,N) in comparison with 

the (Ti,Nb)C and (Ti,Nb)(C,N). At the holding time of 100s, most of the Nb has been dissolved 

into the solution in the Nb-bearing steel while this is not so for the Nb-Ti-bearing steel (Figure 

3-10 (b,c)). The re-heating temperature of 1200°C exceeds the equilibrium dissolution 

temperature of both Nb and C in the Nb-bearing steel which is far lower than the equilibrium 

dissolution temperature of TiN [217]. Therefore, titanium is often added to HSLA steel to 

enhance toughness. 
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Therefore, the addition of Ti in Nb-bearing steel increases the thermodynamic stability of the 

Nb(CN), thus suppressing the kinetics of dissolution. Furthermore, the size of the Nb 

precipitates is relevant to the Nb content in solution, the higher amount of Nb dissolved in the 

solution leading to smaller precipitate size (Figure 3-10 (b,d)). 

 
(a) (b) 

(c) (d) 

Figure 3-10 Data from carbon extraction replicas results in the Nb and Nb–Ti steels 

presenting the (a) grain size, (b) amount of Nb in solution, (c) volume fraction of precipitates 

and (d) diameter of precipitates, under different holding times (0-100s) at 1200°C in HSLA 

steel with the base composition: 0.06%C, 0.77%Mn, 0.03%Nb, 0.11%Si, 0.016%P and 

0.006%N, an additional 0.02%Ti wad added to the Nb-Ti steel[216]. 

3.3.4 Cooling rate 

Mechanical properties of steel are optimised through modifying the alloying composition. The 

improvement of these properties are obtained mainly through grain refinement and 

precipitation hardening.  Both mechanisms are controlled by cooling rate which in turn 

influences the microstructure and the precipitation kinetics. Currently, there is a strong interest 

in the role of cooling rate in controlling the microstructure and mechanical behaviour of 

industrial processed steel [218]. Therefore, there have been extensive research work aimed at 

understanding the relationship between cooling rate, microstructure and mechanical properties. 

Previous work [219] investigated the influence of cooling rate (180-900°C min-1) on the 

microstructure and mechanical behaviour of a commercial microalloyed forging steel 
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(30MSV6). During rolling after cooling at 180°C min-1, the as-received ferrite-pearlite 

microstructure changed to acicular ferrite (Figure 3-11 (a)). As the cooling rate increased (420-

900°C min-1), the acicular ferrite microstructure was replaced by bainite and martensite 

microstructures (Figure 3-11 (b,c)). 

 

Figure 3-11 Microstructures of samples of a microalloyed steel at different cooling rates (a) 

180°C min-1, (b) 420°C min-1 and (c) 900°C min-1, for the composition: 0.3%C, 1.54%Mn, 

0.54%Si, 0.011%P, 0.079%S, 0.22%Cr, 0.08%Ni, 0.23%Cu, 0.01%Mo, 0.016%Al, 0.017%Ti 

and 0.013%N [219].  

The yield strength and ultimate tensile strength were found to increase steadily with increased 

cooling rate as shown in Figure 3-12 (a). However, both elongation and toughness deteriorated 

gradually as the cooling rate increased (Figure 3-12 (b,c)). The improvement in strength and 

deterioration in toughness were attributed to the formation of brittle phases; bainite and 

martensite, whose formation enhances strength at the expense of ductility and impact 

behaviour. 

 

Figure 3-12 Effect of cooling rate on (a) yield strength and ultimate tensile strength, (b) 

elongation and (c) toughness, represented by the product of ultimate tensile strength by 

elongation for the composition: 0.3%C, 1.54%Mn, 0.54%Si, 0.011%P, 0.079%S, 0.22%Cr, 

0.08%Ni, 0.23%Cu, 0.01%Mo, 0.016%Al, 0.017%Ti and 0.013%N [219]. 

Ceschini et al. [220] studied the strength and impact behaviour of a microalloyed carbon steel as a 

function of cooling rate (42 and 450°C min-1), after hot rolling. They observed that the slower 

cooling rate led to a larger prior austenite grain size, ~24µm. In addition, the final 

microstructure was a mixture of pearlite surrounded by pro-eutectoid ferrite, which forms at 
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the boundaries of prior austenite grains, and bainite. The faster cooling rate refined the prior 

austenite grain size to ~17 µm and induced a mixed microstructure consisting of acicular ferrite 

and martensite. Interestingly, with the faster cooling rate, the steel showed an improvement in 

both properties; strength and impact toughness, simultaneously (Figure 3-13). The 

characteristics of inclusions such as size and distribution were found to be similar in both steels, 

so other microstructural features were considered for the interpretation. The higher impact 

toughness exhibited by the faster cooling rate steel was correlated to the refined microstructure 

and more importantly to the formation of acicular ferrite. This acicular ferrite nucleates 

intragranularly with a random orientation, which deflects the path of crack propagation and 

hence increases the resistance to crack propagation [221], leading to improved strength and 

toughness. 

(a)  

(b)  

Figure 3-13 Influence of cooling rate on (a) yield strength and ultimate tensile strength, (b) 

Charpy impact energy for the chemical composition: 0.33%C, 1.55%Mn, 0.25%Si, 0.007%P, 

0.002%S, 0.35%Cr, 0.09%Ni, 0.018%Al, 0.018%Ti, 0.1%V and 0.0052%N [220]. 

Recent work by Equbal et al. [222] have noted that  the cooling rate has a considerable influence 

on the microstructure and mechanical behaviour of a commercial medium carbon forging steel 

(AISI 1035 grade) at room temperature. The work utilised three different cooling techniques; 
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normal air cooling, ~18°C min-1, forced air cooling, ~30°C min-1and oil quenching, ~480°C 

min-1.  The microstructure was found to be ferrite-pearlite for all the cooling rates. However, 

the grain size and the volume fraction of phases varied dramatically with respect to cooling 

condition. A finer grain size was obtained by increasing the cooling rate (Figure 3-14 (a)), due 

to the fact that faster cooling rates lower the Ae3 and Ae1 transformation temperatures, and 

hence ferrite-pearlite grains have less time to grow [223]. Microstructural analysis indicated 

that the volume fraction of pearlite increases on increasing the cooling rate, at the expense of 

ferrite (Figure 3-14 (b)). This behaviour is normally correlated with the effect of cooling rate 

on the coalescence and growth rate of ferrites [220]. 

(a)  

(b)  

Figure 3-14 The effect of cooling rate on medium carbon forging steel as a function of (a) 

grain size, (b) ferrite and pearlite volume fraction for the following composition: 0.32%C, 

0.79%Mn, 0.25%Si, 0.02%P, 0.01%S and 0.028%Al [222]. 
 

This microstructure variation accounts for the significant changes in strength and impact 

behaviour as shown in Figure 3-15. Faster cooling rates were anticipated to give higher yield 

strength and ultimate tensile strength (Figure 3-15 (a)). However, there is a corresponding 

deterioration in impact behaviour and percentage elongation as the cooling rate increases 
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(Figure 3-15 (b)), probably due to the formation of finer and harder phases leading to poor 

ductility.    

 

(a)                                                                                         (b) 

Figure 3-15 The effect of cooling rate on medium carbon forging steel as a function of (a) 

yield strength and ultimate tensile strength, (b) elongation and impact energy for the 

following composition: 0.32%C, 0.79%Mn, 0.25%Si, 0.02%P, 0.01%S and 0.028%Al [222]. 
 

3.3.5 Grain size 

At elevated temperatures and particularly in the austenite phase, grains grow rapidly, and it is 

necessary to control this growth to optimise the mechanical properties. Therefore, HSLA steel 

is commonly alloyed with carbide and nitride forming elements which precipitate preferably at 

the grain boundaries. During dynamic recrystallisation, precipitates pin down the boundaries 

and prevent further growth leading to finer grains. In addition to chemical composition, 

processing parameters play a vital role in the microstructural refinement. Therefore, HSLA 

steel exhibits a high degree of grain refinement, giving a higher level of yield strength in 

comparison with plain C-Mn steel. 

Much research work has been carried out to understand the grain structure and growth 

behaviour at the austenite phase. It is observed that grains start to grow quickly upon the 

complete transformation into austenite as a single phase [224]. The influence of bcc-stabilising 

elements on the range of austenitic phase is shown in Figure 3-16.  
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Figure 3-16 Schematic phase diagram of a Fe–M binary alloy (bcc-stabilising elements) 

binary alloy, where M is the alloying element showing that as the amount increases the γ loop 

narrows and the Ae3 transformation temperatures increases [225].  

It is observed that the stabilising elements narrow down the austenitic phase into a closed region 

which gets wider toward the iron rich side. As the content of the bcc-stabilising elements 

increases, the Ae3 (the temperature at which austenite begins to transform to ferrite during 

cooling at equilibrium) increases. Moreover, the Ae4 (the temperature at which delta-ferrite 

transforms to austenite during cooling at equilibrium) decreases, further limiting the range of 

the austenite phase. The most influential bcc-stabilising elements and their effect on 

stabilisation are presented in Table 3-1. kA3 and kA4 are the transformation gradients, 

temperature per unit content, , which are relatively high for Al.  Thus, Al is considered as a 

strong bcc-stabiliser, raising Ae3 and lowering Ae4, and thus suppressing the austenitic grain 

growth. 

Table 3-1 Influence of bcc-stabilising elements for the Fe-0.1mass%M binary alloy, where M 

is the alloying element [225]. 

Element Al Be Cr Mo   P Si Ti V W 

kA4 -81 -750 -1.5 -46 -550 -52 -140 -80 -30 

kA3 +140 +190 -16 +38 +340 +77 +180 +92 +9 
 

kA4 Gradient of transformation temperature per unit content from liquid to austenite. 

kA3 Gradient of transformation temperature per unit content from austenite to ferrite. 

In the austenitic phase, the microstructure development and grain growth are mainly dependant 

on the alloying composition and the content of each element [226]. Furthermore, cooling rate 

is prominent in grain refinement since faster cooling rates generally give less time for grains 
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growth and thus giving finer microstructure [227]. It is important to mention that the cooling 

rate speed is often restricted to avoid the formation of lower transformation products.  

The nature of grain growth can be classified into two types; normal grain growth which gives 

a uniform grain size distribution while abnormal grain growth gives a random grain size 

distribution (a mixture of coarse and fine grains). Many researchers have investigated grain 

growth behaviour as a response to chemical composition and processing parameters due to its 

considerable influence on the properties. Cotterill and Mould [228] studied the relationship 

between precipitation and grain growth at different temperatures. They concluded that heating 

materials up to the dissolution temperature of precipitates produces abnormal grains while 

heating up to a temperature higher than the dissolution temperature of precipitates gives normal 

grain growth. However, heating to a temperature lower than the dissolution temperature of 

precipitates gave the highest degree of grain refinement.  

The solubility temperature of niobium carbonitrides was predicted by Rios [229] to be in the 

range of 1000-1300°C depending on the Nb content and this assumption was also observed 

experimentally by Tokizane [230] as shown in Figure 3-17. 

 

Figure 3-17 Predicted (continuous line) and experimental (symbols) solubility temperature 

data of NbCN at different Nb contents (wt-%) [229,230]. 

Further work conducted by Fernández et al. [231], estimating the solubility of NbC and NbN 

to be 1073°C and 1338°C, respectively. In addition, the work established a relationship between 

solubility of precipitates and grain growth behaviour. The work also showed that abnormal 

grain growth is enhanced by the dissolution of the precipitates. A similar observation was 

pointed out by Danon et al. [232] who observed abnormal grain growth in the Nb-bearing steel 

in a critical austenitization temperature range of (1000-1100°C). This phenomenon was absent 
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in the Nb free steel under the same experimental conditions. This was attributed to the initial 

austenite grain size distribution and austenite grain size growth which is affected by the pinning 

force of Nb-rich particles. It was also confirmed that heating rate plays a major role on the 

austenite grain size distribution as the fraction of coarse abnormal grains increases on 

increasing heating rate [232]. 

3.4 Influence of alloying elements on the mechanical properties  

HSLA steel commonly contains small amounts of phosphorus, silicon and sulphur. Sulphur and 

phosphorus segregate to the boundaries leading to poor toughness and giving rise to the low 

melting point iron phosphide phase, which can cause cracking. Manganese is always added to 

attract all the sulphur as MnS and raise the melting point.  For better strength and toughness, 

other alloying elements such as niobium are added to precipitate as NbC for significant 

precipitation strengthening. Since grain refinement plays a dominant role, aluminium is added 

to precipitate as AlN so as to give finer microstructure. 

3.4.1 Carbon 

Carbon is one of the most critical alloying elements in steels due to its considerable influence 

on microstructure and properties. It is well established that strength is proportionally related to 

carbon content, as the ultimate tensile strength increases markedly with increasing carbon 

content above 0.3%C (Figure 3-18). This is attributed mainly to the increase in pearlite content 

with C content. Moreover, carbon in solution contributes to the strength by interacting with 

dislocations but only a very small amount is ever present as the solubility of C in ferrite is 

normally very low. Furthermore, carbon plays a vital role in combining with carbide forming 

elements such as Nb, Ti, Mo and V and hence strength is enhanced by precipitation hardening 

[233].    
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Figure 3-18 Carbon content as a function of yield stress (σy) and ultimate tensile stress (σUTS) 

the base composition; 0.18%Si, 0.78%Mn and0.18%Cr [233]. 

Balogun et al. [213] examined the influence of carbon concentration (0.16 – 0.3%C) on the 

yield strength of HSLA steel. The yield strength remained constant despite increasing the 

carbon content from 0.16 to 0.22% (Figure 3-19). However, as the content exceeded this range, 

strength started to improve and reached a maximum at the highest carbon content of 0.6%C. 

 

Figure 3-19 Influence of carbon content on the yield strength of hot rolled HSLA steel with 

the composition: 0.21 to 0.23%C, 0.20 to 0.25%Si and 0.50 to 0.60%Mn [213]. 

However, a high carbon content has been shown to alter the microstructure markedly forming 

lower transformation products such as martensite and bainite leading to poor impact 

performance. Zheng et al. [234] evaluated the influence of carbon content at very low 

concentrations between 0.004-0.034wt-% on the microstructure, strength and impact toughness 

of hot rolled and air cooled stainless steel. They observed a continuous improvement in strength 

with increasing the carbon content (Figure 3-20 (a)) accompanied by a deterioration in the 
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impact toughness (Figure 3-20 (b)). This was accredited to a reduction in the ferrite volume 

fraction, this being replaced by martensite (Figure 3-20 (c)).  

(a)  

(b)  

(c)  

Figure 3-20 Influence of carbon content on (a) ultimate tensile strength and yield strength, 

(b) impact energy tested at different temperatures, (c) volume fraction of ferrite of hot rolled 

steel with the composition: 0.004-0.034%C, 0.01%N, 0.01%S, 0.012%P, 0.3%Si, 1.6%Mn, 

12.5%Cr, 0.78%Ni and 0.33%Ti [234]. 

Alkan et al. [235] have also studied the influence of the volume fraction and morphology of 

ferrite on toughness of hot rolled steel. They pointed out that the ferrite volume fraction is 

directly proportional to toughness. The more ferrite that is present the higher the impact energy. 

This was for the Charpy specimens tested at a variety of test temperatures (Figure 3-21). 

However, it was confirmed that the thickness of ferrite did not have a significant influence on 

toughness. 
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Figure 3-21 Influence of ferrite volume fraction on Charpy impact energy at various 

temperatures for hot rolled steel with the composition: 0.028%C, 0.1%Nb, 0.015%N, 0.02%P, 

0.3%Si, 0.3%Mn, 12.5%Cr, 1.75%Ni and 0.16%Ti [235]. 

Gladshtein et al. [236] conducted a comprehensive study on the influence of ferrite-pearlite 

microstructure on low alloy steel properties including strength and impact behaviour. The 

examined steels were processed differently with carbon contents in the range 0.028-0.84wt-%. 

The heat treatment was designed to control the volume fraction of phases. It was found that the 

volume fraction of pearlite had a striking effect on steel deformation and failure behaviour. 

Strength was found to improve gradually with the increase of pearlite content but at the expense 

of the impact strength. This behaviour became more pronounced as the pearlite content 

exceeded 20 vol-. A significant deterioration in impact transition temperature was observed on 

increasing the pearlite content to ~63% (Figure 3-22). 

 

Figure 3-22 The effect of pearlite content (P) on the impact strength of low alloy steel at 

various temperatures with the composition: 0.57%Mn, 0.25%Si, 0.004%S, 0.004%P, 

0.007%Cr, 0.008%%Ni, 0.005%Cu and 0.034%Al, 0.028%C for 0%P steel and 0.50%C for 

62.8%P steel [ 362 ]. 
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The main microstructural features affected by the carbon content are summarised below.  

Phases in the microstructure 

The microstructure of HSLA steels consists mainly of ferrite and pearlite. Each of these phases 

has its own properties. Therefore, the volume fraction of each phase contributes significantly 

in altering the mechanical properties of the steel. Ferrite is soft in nature and hence increasing 

its content in the microstructure enhances ductility. Pearlite consists of a lamellar of ferrite and 

cementite which is rich in carbon and this makes it harder and more brittle at room temperature. 

Increasing the carbon content, raises the volume fraction of pearlite in the microstructure at the 

expense of ferrite. Initially, cracks initiate in cementite plates during deformation then extend 

through the pearlite colonies. Subsequently, cracks extend from the pearlite colonies into 

adjacent ferrite grains, leading to brittle fracture [237].  

Characteristics of cementite 

The morphology and volume fraction of cementite in pearlite has a major effect on ductility in 

low alloy steel [238]. In high carbon containing steels, cementite forms as thick and continuous 

plates but changes to dispersed, discontinuous and thinner ones upon reducing the carbon 

content. This is attributed to the lack of carbon in the pearlite colony leading to the formation 

of degenerate pearlite which enhances ductility. In addition, more space becomes available for 

the soft ferrite to form in the pearlite colony at the expense of the brittle cementite, giving better 

ductility, owing to the lower carbon content [238]. 

The size of the pearlite grains plays a dominant role in controlling the ductility of steel through 

the thickness of cementite [239]. Coarse pearlite size deforms inhomogeneously leading to 

strain concentration in narrow slip bands [240]. The thick cementite of coarse pearlite provides 

poor ductility under impact loading, leading to immediate fracture without prior deformation. 

This behaviour is ascribed to a shear cracking process which at a later stage develops into 

cleavage type cracks [241]. On the other hand, thin cementite in fine pearlite offers a better 

level of ductility and necks down into fragments under impact loads, giving ductile fracture 

[242,243]. Other work [244] has reported that the refinement of the pearlite colony size 

enhances ductility due to higher area fraction of boundaries which act as obstacles to brittle 

crack propagation.  
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Prior austenite grain size and interlamellar spacing of the pearlite  

Bae et al., [245] investigated the influence of microstructural features, such as prior austenite 

grain size and interlamellar spacing of the pearlite on the ductility of pearlitic steels at carbons 

in the range of 0.52 – 0.82wt-%. They observed that the size of prior austenite grain and 

interlamellar spacing increased considerably with increase in carbon content leading to worse 

ductility. Although interlamellar spacing is affected markedly by the carbon content, cooling 

rate was reported to have a stronger effect, in which increasing the cooling rate from 100 - 

1000°C min-1 was found to reduce the interlamellar spacing considerably [244].   

Formation of lower transformation products 

High carbon additions enhance the formation of lower transformation products, such as 

martensite and bainite [246]. These phases are undesirable when considering ductility but can 

be beneficial for applications requiring high levels of strength without considering ductility.  

Previous work [25] investigated the influence of carbon content (0.02-0.1%) on aluminium 

bearing hot rolled plain C-Mn steels. It was observed that the addition of the highest carbon 

content ~0.1% with the presence of aluminium encouraged martensite formation leading to 

poor ductility. Therefore, it was recommended to reduce the carbon content to 0.02% in order 

to accommodate a higher level of Al without martensite being formed [26]. 

Grain boundary carbides 

Grain boundary carbides act as preferred sites for crack initiation, propagation and coalescence 

leading to poor ductility and impact behaviour [247]. This behaviour was found to be associated 

with the presence of carbide forming elements, such as Nb which is a strong carbide forming 

element [248]. The degree to which carbides influence ductility depends on their thickness and 

volume fraction and they have a big in influence on impact performance and brittle fracture 

[249]. Most of the thermomechanical processing techniques lack the capability of hindering 

the formation of grain boundary carbides. However, the characteristics of carbides, i.e. size and 

volume fraction, can be controlled through carbon content and processing parameters [248].  

Previous work has reported that the grain boundary carbides can be refined by the addition of 

a high Al content ~0.2%Al, which is found to be effective in the improvement of the impact 

performance of HSLA steels [26].  

 



84 

Reaction of carbon with manganese and silicon 

Most steels are alloyed with various amounts of manganese and silicon. In the constitutional 

equilibrium Fe-C diagram, approx. 0.8%C is present at the eutectoid composition. Mn and Si 

reduce the carbon content for the eutectoid, (the eutectoid is at 0.6%C when 1.4%Mn is present) 

and this increases the amount of proeutectoid cementite and reduces the volume fraction of 

ferrite in the microstructure [237]. The formation of an increased amount of pearlite, pearlite 

being deleterious to impact behaviour is more than compensated for by Mn giving additional 

grain refinement and in the case of Si by reducing the C that segregates to the boundaries and 

locks the dislocations.  However, the addition of silicon to very high carbon steels (0.8wt-%C) 

is reported to retard the formation of the network of the continuous grain-boundary cementite 

film which is present when silicon is absent [250]. Therefore, steels at the hypereutectoid range 

have a better than expected combination of high strength and impact behaviour through the 

addition of silicon.  

Low carbon containing steels, among all steels, are chosen for their good ductility, weldability 

and impact behaviour. However, the strength level in these steels is not sufficient to meet the 

growing demands for high strength steels in the rapidly developing industry. Therefore, 

alternative alloying elements are being explored to compensate for this poor strength.  

3.4.2 Aluminium 

Aluminium is added to HSLA steel primarily to provide grain refinement by the formation of 

stable AlN at high temperatures. However, both strength and toughness can be improved by 

microalloying additions of Al [251]. Al is a well-known nitride forming element as it 

precipitates as AlN preferably at the grain boundary due to the volumetric misfit between the 

matrix and the AlN particles [252,253]. Finer grains are obtained, as AlN pins the austenite 

grain boundaries after recrystallisation, preventing any further growth so enhancing the room 

temperature strength and toughness [254,255]. It must be taken into account that the removal 

of N by Al eliminates the solid solution strengthening of N [254]. However, the solid solution 

strengthening of N is smaller in comparison to the considerable benefit of the finer-grain 

microstructure on the mechanical properties given by AlN precipitation pinning the grain 

boundaries [255].  Militzer et al. [256] have shown a significant increase in grain size from 

40um to 200um on eliminating any AlN precipitation by dissolving all the AlN in solution 

during hot rolling of A36 steel (0.038%C, 0.30%Mn, 0.040%Al and 0.0052%N). They also 
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found that the maximum allowable temperature for AlN precipitation is 1100°C, beyond this 

temperature all the AlN will dissolve in solution so eliminating any grain size refinement. 

In addition, the amount of N in solution must be minimised as any excessive content can 

dissolve in ferrite resulting in a higher level of embrittlement in the absence of adequate Al 

content. 

3.4.3 Niobium 

Micro-additions of Nb play a crucial role in improving the metallurgical and mechanical 

properties of HSLA steel by solid solution strengthening, precipitation hardening and grain 

refinement [257]. The kinetic segregation of Nb is much greater compared to that of aluminium 

[258]. Precipitation of Nb as carbonitrides, NbC and Nb(CN) is an important phenomenon 

affecting the microstructure and hence the corresponding mechanical properties. Nb 

carbonitrides precipitate and hinder recrystallisation of austenite, through pinning forces 

exerted by the precipitates on the grain boundaries, leading to a finer and heterogeneous 

microstructure at room temperature [259]. The control of Nb precipitation behaviour is 

substantial, as yield strength is highly affected by the size and volume fraction of Nb 

precipitates. Due to the combined contribution of both solid solution and precipitation 

strengthening, researchers find it difficult to quantify the relative contribution of each 

mechanism [260]. Among the carbonitrides forming elements Nb, V and Ti, niobium 

carbonitrides were found to be the most stable especially at the lower temperature range of 

austenite as calculated by Thermo Calc (Figure 3-23). 

 

Figure 3-23 The stability of carbonitride forming elements (Nb, Ti, V) at 600–1600°C [259]. 

In the past, higher amounts of carbon were added to steel to increase strength, but this 

improvement came at the expense of other properties such as toughness. Therefore, it was 
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necessary to find alternative elements that can balance properties such as vanadium, titanium 

and niobium. Among the before mentioned elements, the addition of Nb was found to be more 

beneficial to improve strength without necessarily effecting toughness [261], and therefore less 

carbon is needed to avoid toughness deterioration. Nb has the maximum efficiency to weight 

ratio and a small amount (typically 0.01-0.04) is adequate to obtain the desired properties [261]. 

Nb lowers the austenite to ferrite transformation temperature and thus influences 

microstructure and precipitation behaviour [261].  

Sally et al. [262] have studied the effect of Nb content on the transformation behaviour from 

austenite to ferrite under hot rolling conditions. It was concluded that the Nb-bearing steel had 

a slower transformation rate compared to the Nb free steel and hence increasing the amount of 

Nb reduces the transformation rate. It has been reported that Nb retards carbon diffusivity rate 

during the austenite to ferrite transformation [263]. It has been also suggested [188,216,205] 

that carbide–forming elements such as Mo, Nb and V retard the diffusion of carbon during the 

transformation from austenite to ferrite. 

3.4.4 Phosphorus 

Phosphorus is an undesirable impurity which causes embrittlement in steels and it exists 

naturally in steel scrap. In the processing of HSLA steel, the amount of phosphorus is kept to 

a minimum, typically 0.004%, to avoid poor toughness from the segregation of P to the grain 

boundaries and weakening them. Previous work [264] showed that increasing P level by 0.3wt-

% raised the ITT drastically by 200°C due to P segregation to grain boundaries. However, 

phosphorus in low concentration can enhance corrosion resistance and solid solution 

hardening, 1wt-% of P increases the strength by 690MPa [264]. The maximum allowable P 

content depends mainly on the steel application as shown in Table 3-2. Typically, P levels are 

kept below 0.05%, except for weathering steel since here the main property considered is 

corrosion resistance which is considerably enhanced by P but at the expense of toughness [264].  

Table 3-2 Maximum limit of P content in different commercial steels [264]. 

 Steel  Grade P content (wt-%) 

 

High strength steel 

 

WEL-TEN 50 

WEL-TEN 60 

WEL-TEN 80 

≤ 0.035 

≤ 0.040 

≤ 0.040 

Non-tempered steel HSB 50 ≤ 0.050 

Tempered steel U.S.S.T-1 

Ducol W-30 

≤ 0.040 

≤ 0.050 

Weathering steel ASTM A242 ≤ 0.150 
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Since high amounts of P exist in the recycled steels and it is too expensive to minimise their 

content, many efforts have been made to maximise the benefits and minimise the harms of P. 

A special thermo-mechanical process, known as cross rolling, is utilised to obtain the maximum 

potential of phosphorus and minimise the detrimental influence a higher P content so as to 

improve toughness and strength [90]. The process involves refining the grains to increase the 

grain boundary area and hence P is distributed across a wider area, and its density is minimised.    

Moreover, Yoshida et al. [265] reported that P was beneficial in enhancing austenite grain 

refinement. This was attributed to the phosphorus being the strongest bcc-stabiliser, having 

very high transformation gradients temperature per unit content, giving a higher Ae3 and lower 

Ae4 temperatures (Table 3-1).  

Grain refinement by thermo-mechanical treatment improves both strength and toughness in the 

high phosphorus steels, using the novel process or the cross rolling [189]. Thus, the harmful 

effects of phosphorus can be suppressed.   

3.4.5 Manganese and sulphur 

Sulphur is one of the most undesirable non-metallic impurities and it is present naturally as 

part of the ingredients of steel making. It is only added to steel to improve machinability as 

MnS inclusions helps to break off the turnings. To remove S from steel, particularly to the very 

low value industry is demanding is very costly. 

Rudyuk, et al. [266] investigated the influence of sulphur concentration on the microstructure 

and mechanical properties of hot rolled low alloy steel. As the sulphur content increased from 

0.030 to 0.055%, the yield strength increased significantly by almost 50%, much greater than 

the increase in the ultimate tensile strength. However, toughness deteriorated considerably, the 

ITT increasing by ~25°C, which was attributed to the increased size and volume fraction of 

sulphide inclusions. It was also observed that these inclusions were elongated and existed only 

in the matrix for the low S-bearing steel while for the high S-bearing steel some inclusions 

were also found in the grain boundary leading to considerable embrittlement. The fracture 

condition was mixed, having regions of both intergranular and transgranular fracture, but upon 

increasing the S concentration, the transgranural failure was the dominant mode indicating 

embrittlement. Despite the great advantages of S being beneficial in improving yield strength, 

it is always essential to minimise its concentration to maintain good impact performance [266]. 

Manganese is added to steel composition in order to form MnS inclusions aiming to avoid the 

detrimental effects of S. Several research studies have been conducted over the years and found 



88 

that MnS inclusions are beneficial in retarding grain growth but the extent of their effectiveness 

is based on their characteristics; morphology and distribution. An early work by Kiessling and 

Lange [267] categorised the morphology of MnS generally into three types; randomly 

distributed spherical sulphides, grain boundary sulphides and angular sulphides. Avdušinović 

and Gigović [268] carried out a deeper analysis on the morphology and distribution of MnS 

inclusions at various temperatures in low carbon steel. The morphology of the inclusions 

followed a very similar trend at all temperatures (Figure 3-24 (a)). As the temperature increased 

to 1350°C the inclusions coarsened but above this temperature, the size followed an unsteady 

manner and random behaviour was observed (Figure 3-24 (b)).   

 

Figure 3-24 MnS inclusions in low carbon steel at various temperatures showing their (a) 

shape factor, (b) area represented by the diameter for the following composition: 0.11%C, 

0.31%Si, 0.35%Mn, 0.011%P and 0.015%S [268]. 
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4 Experimental, results and discussion of TWIP steel 

4.1 Experimental  

4.1.1 Composition  

The steels were cast as 50 kg vacuum melts and air cooled to room temperature. The base 

composition for all the TWIP steels was 0.6%C, 0.1%Si, 18%Mn, 0.01%N and 1.5%Al. P and 

S levels were low for all steels, ∼0.01 and 0.005%, respectively. The boron level was the same 

as has been used previously ∼ 0.002–0.003% [146,174]. The composition of the steels 

examined (wt-%) are given Table 4-1. Whereas, previous work had been concentrated on low 

N levels, the present work was carried out to explore the influence of high N (0.01%) on the 

hot ductility on these boron treated TWIP steels more in keeping with electric arc furnace N 

levels. 

The Ti/N ratio for the stoichiometric composition for TiN is 3.4. In the present instance, three 

steels with different Ti/N ratios were examined. The Ti/N ratio was low for steel 1, close to 

stoichiometric Ti/N ratio for steels 2 and greater than that of stoichiometry for steel 3. Once 

there is sufficient Ti to combine with all the N, it is likely that very little N will go back into 

solution on reheating to 1250°C so the condition for steels 2 and 3 will probably remain close 

to that present when melted. Reheating was, therefore, chosen rather than melting, but this does 

put a limit on the applicability of the results to the continuous casting operation.   

Steel 1, (Table 4-1), is the base composition with a Ti level of 0.019% and 0.009%N, whose 

hot ductility curve was to be used for comparison purposes. Steels 2 is made at the 

stoichiometric composition for TiN. Steel 3 was well in excess of the stoichiometric Ti/N ratio 

for TiN. 

Table 4-1 Composition of TWIP steels chosen for examination, wt-%. 

Steel Ti/N C Si Mn P S Al Ti Nb B N 

1 2.1 .60 .09 18.2 .009 .003 1.57 .019 .031 .0027 .009 

2 3 .60 .09 18.2 .009 .003 1.55 .030 .032 .0028 .010 

3 6.8 .60 .10 18.0 .010 .006 1.50 .075 .032 .0028 .011 

 

4.1.2 Tensile specimens 

Tensile specimens, 120 mm in length and 10 mm in diameter, were machined from the as-cast 

ingot and tested using a Gleeble. For each temperature, two tensile specimens were tested and 

the average value of reduction of area (%RA) taken. After casting, the ingot was stripped from 
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its mould and air cooled. The position in the ingot where the tensile specimens were taken from 

and their dimensions are shown in Figure 4-1. 

 

Figure 4-1 Schematic diagram showing the dimensions and position of the tensile specimens 

in the original ingot. 

4.1.3 Hot tensile testing 

The Gleeble 3500 Digital Control System has been used to perform the hot tensile testing to 

control thermal and mechanical test variables simultaneously (Figure 4-2). Electrical resistance 

heating technology was employed to give a uniform temperature across the sample. An R type 

thermocouple (platinum/platinum-13% rhodium) was inserted inside the samples to give 

signals for accurate feedback control of specimen temperatures. This set-up provides the 

versatility that is necessary to simulate the straightening operation in continuous casting. The 

hot ductility tests were performed according to POSCO standard that has been utilised to 

evaluate the cracking behaviour of TWIP steel. Ideally, to simulate the continuous casting and 

straightening operation more closely, ‘in situ melting’ should be used and two cooling rates, a 

fast cooling rate for the primary cooling, followed by a slower cooling rate for the secondary 

cooling, should be incorporated [269]. However, obtaining a satisfactory tensile specimen on 

in-situ melting, free of porosity and choosing silica tubing, which does not react with the Ti 

present in the steel, encounters serious practical difficulties. Before embarking on this melting 

route, the advantages of melting over ‘re-heating’ to 1250°C, need to be weighed up carefully 

in advance. The cooling rate to room temperature for the region in the ingot corresponding to 

where the tensile specimens were taken from is slow ∼1°C min−1. However, the tensile samples 

after machining were heated at 150°C min−1 to 1250°C, held 3 min and cooled at a faster 

cooling rate, 12°C min−1 down to the test temperatures in the range 1100 to 700°C. The three 
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steels, were also cooled at 60°C min−1 to study the effect of cooling rate on the hot ductility.  

After holding for 30s, the tensile samples were strained to failure using a strain rate of 3 × 10−3 

s−1. The strain rate used in the tensile test is chosen to be the same as that undergone in the 

straightening operation. The temperature profile is shown in detail in Figure 4-3. 

             

           (a)                                                                                             (b)  

Figure 4-2 (a) Layout of Gleeble 3500, (b) arrangement for the hot ductility test. 

 

Figure 4-3 Schematic diagram of heating and cooling programme. 

4.1.4 Evaluation of hot ductility  

The percent reduction of area (%RA) has been used extensively to evaluate hot ductility in 

most of the previous literature surveys [41]. Hot ductility curves were produced by tensile 

testing at elevated temperatures after cooling from the solution treated temperature. Normally, 

the hot ductility curves are obtained by measuring the percent reduction in area (%RA) at 

fracture using Equation 3:  

Equation 3 

%RA =
Decrease in area

Original area
=  

Di
2 − Df

2

Di
2  
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where Di is the initial diameter before the test and Df represents the final diameter after fracture. 

Both values were measured in the laboratory by digital Vernier Calipers.   

For the current samples, the equation is modified slightly by subtracting 22 from the 

denominator to account for the 2mm drilled hole in each sample used to accommodate the 

thermocouple, (Equation 7).   

Equation 7 

%RA =
Decrease in area

Original area
=  

Di
2 − Df

2

Di
2 − 22

 

 

The %RA was recorded and then plotted against the test temperature to obtain the hot ductility 

curves. The higher the %RA value is, the less likely the steel will be prone to transverse 

cracking during continuous casting. Generally, 40% is adequate to avoid transverse cracking 

[40].  

4.1.5 Metallography 

Preparation of samples 

Once a tensile sample had failed, it was immediately gas quenched with argon to preserve the 

microstructure. Thereafter, one half of each sample was cut along the longitudinal axis. The 

samples were then mounted in epoxy resin and cured.  Mechanical preparation was then used 

to prepare the samples for microscopic examinations. Firstly, the samples were ground using 

the following silicon carbide (SiC) pads in the order 240, 400 and 600grit, the latter being the 

finest. The samples were then polished using diamond suspensions with 6um followed by 1um 

diamond paste. While moving from one pad to another, the surface of each sample was washed 

and wiped with absolute ethanol then finally dried. At this stage, the samples had a mirror 

surface without any scratches or foreign matter for clear microscopic examinations. Finally, 

the samples were etched using picric acid to show the detailed microstructure for subsequent 

microscopic examinations.  

Optical microscopy  

Optical microscopy (OM) was carried out on longitudinal sections from the necked down 

region of the fractured tensile specimens. OM was used to monitor the microstructure evolution 

as a function of testing temperature, composition and cooling rate. The changes in grain size 

and cracking behaviour were also evaluated.  
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Scanning electron microscope  

Scanning electron microscope (SEM) examinations were made on sections taken close to the 

point of fracture. SEM was used to evaluate the precipitates and inclusions more closely by 

evaluating their morphology, size, volume fraction and location. Examinations were carried 

out using FEG-SEM equipped with EDX system for deeper analysis of the particles. The spatial 

resolution of the microscope was <50nm at 20kV accelerating voltage.  

Transmission electron microscope  

Transmission electron microscope (TEM) examinations were made on sections taken close to 

the point of fracture. The carbon extraction replicas were mounted on nickel grids. 

Examinations were carried out using JEM-2100F Jeol Field Emission Transmission Electron 

Microscope (FE-TEM). 

4.2 Results 

4.2.1 Hot ductility curves 

The hot ductility curves of the examined TWIP steels at a cooling rate of 12°C min-1 with 

different Ti/N ratios in the temperature range (700-1100°C) are shown in Figure 4-4 (See 

Appendix A for the detailed hot ductility measurements). In general, it is observed that both 

steels with low and medium Ti/N ratios have a RA over 40% in the temperature range (700-

1000°C) while the steel with high Ti/N ratio achieved >40%RA for the entire temperature range 

(700-1100°C).   

 

Figure 4-4 The hot ductility of the examined TWIP steels with different Ti/N ratios at various 

temperatures. 
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Upon cooling from 1100 to 900°C, the hot ductility of the steels with low and medium Ti/N 

ratios is similar. However, as the temperature drops further the medium Ti/N ratio bearing steel 

maintains its ductility steadily while the ductility of the low Ti/N ratio bearing steel deteriorates 

sharply but still above the 40% limit.  

The high Ti/N ratio bearing steel gave the best ductility among all the examined steels in the 

temperature range (900-1100°C). As the temperature drops further, the ductility drops but is 

still higher than the base steel though slightly below the medium Ti/N ratio bearing steel.    

It is also observed that the maximum ductility for all the examined steels was attained at 900°C 

and the minimum ductility at 1100°C.  

In order to evaluate the cracking behaviour of TWIP steel based on the plate thickness, as is 

the case in slab and billet, the effect of cooling rate was also considered in the current work. 

The hot ductility of three steels with different Ti/N ratios were further examined at the 

following cooling rates 12°C min-1 and 60°C min-1 (Figures 4-5 to 4-7).  

In general, fast cooling rate gave better hot ductility for all the examined steels, independent of 

the Ti/N ratio (Figures 4-4 to 4-7). The improvement in ductility is insignificant and estimated 

to be around 10% on average. Since all three steels behaved in a similar manner toward the 

cooling rate, only one steel, steel 3, was selected for further microscopic examination at both 

cooling rates.  

 

Figure 4-5 The hot ductility of TWIP steel with low Ti/N ratio at 12 and 60°C min-1. 
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Figure 4-6 The hot ductility of TWIP steel with medium Ti/N ratio at 12 and 60°C min-1. 

 

Figure 4-7 The hot ductility of TWIP steel with high Ti/N ratio at 12 and 60°C min-1. 
 

4.2.2 Optical micrographs 

Since all the three examined steels behave in a similar manner, in which the hot ductility 

improves when lowering the temperature from 1000 to 900°C then deteriorates when lowering 

the temperature further to 800°C, one steel was chosen for further optical microscopic 

examination, the high Ti/N steel, in the temperature range (800-1000°C) in order to investigate 

the grain size evolution and its relation to hot ductility. Analysis of grain size evolution was 

based on the optical micrographs shown in Figures 4-8 (a-c). The grain size is coarse in size 

and is estimated to be ~600μm at 1000°C (Figures 4-8a). As the temperature drops to 900°C, 

the grains exhibit a high degree of refinement due to the onset of dynamic recrystllisation 

(Figures 4-8b). It is observed that dynamic recrystallisation is more active at the regions close 

to fracture. Moreover, intergranular cracks are observed to be present intensively near the point 
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of necking (Figures 4-8 (a,b)). As the temperature continues decreasing from 900 to 800°C, the 

recrystallised grains grow and the microstructure becomes coarser again (Figures 4-8c).  

 

 

 

Figure 4-8 Optical micrographs of the high Ti/N bearing steel (a) examined at 800°C 

showing coarse grain with no dynamic recrystallisation, (b) examined at 900°C showing 

dynamic recrystallisation which is enhanced at the heavily deformed regions close to the 

neck, (c) examined at 1000°C showing coarse grain with no dynamic recrystallisation. 
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4.2.3 SEM micrographs 

The SEM micrographs of the low and high Ti/N steels cooled at 12°C min-1 with the 

corresponding EDS analysis spectrums are presented in Figures 4-9 and 4-10, respectively. It 

is observed that Se is presented in some of the analysis spectrums. The addition of Se was 

needed in order to add and control the required level of Mn through an electrolysis technique, 

which uses Se as an electrolyte medium. Moreover, the Au peak is present due to the gold 

coating used on the sample surface to supply conductivity during SEM examination.  

The main compounds detected in the low Ti/N steel were AlN and MnS. Both were found to 

be attached to each other and were located in the matrix (Figure 4-9). AlN is very sluggish in 

precipitating out but the presence of MnS in the matrix provides ideal nucleation sites for AlN 

precipitates [16]. Some TiN particles were also detected but their low volume fraction was very 

low.   

 

 

Figure 4-9 SEM micrograph of the low Ti/N steel at 800°C with the analysis spectrum 

showing the presence of AlN on MnS particles (AlN is black and MnS is grey in colour). 
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In the high Ti/N steel, the main particles found were TiN and NbN. Occasionally both 

compounds were to found to be attached together (Figures 4-10). Although AlN precipitates 

were present, their volume fraction was very low in comparison with the former steel.  

 

 

Figure 4-10 SEM micrograph of the high Ti/N steel at 800°C with the analysis spectrum 

showing the presence of Ti-Nb nitride particles. 
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4.2.4 TEM micrographs 

The TEM micrographs of the low and high Ti/N steels cooled at 12°C min-1 with the 

corresponding EDS analysis spectrums are presented in Figures 4-11 and 4-12, respectively. It 

is also observed that Ni is presented in the analysis spectrums because of the Ni grids used to 

support the replicas. It is worth mentioning that N is a very light element and not always 

detected and its presence at times have to be assumed when nitride formers are detected on the 

spectrums.  

 

 

Figure 4-11 TEM micrograph of the low Ti/N bearing steel at 800°C with the analysis 

spectrum showing the presence of Nb-Ti carbonitrides. 
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Both steels show Nb-Ti ‘nitrides’ but their volume fraction was much higher in the high Ti/N 

steel as shown in Figure 4-12. In the low Ti/N ratio, the weight percentage content of Nb in the 

precipitate was found to be approximately 50% higher than Ti content, as shown in the 

spectrum of Figure 4-11.  However, the weight percentage content of Ti in precipitates of the 

high Ti/N steel was enhanced considerably.  The Ti level was ~100% higher than the Nb 

content, as shown in the spectrum of Figure 4-12.  

 

 

Figure 4-12 TEM micrograph of the high Ti/N bearing steel at 1000°C with the analysis 

spectrum showing the presence of Ti-Nb carbonitrides. 
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4.2.5 Cooling rate  

Typical SEM photographs of the high Ti/N steel at both cooling rates (12 and 60°C min-1) at 

800°C are shown in Figures 4-13 and 4-14, respectively. At both cooling rates, the majority of 

the particles are located within the matrix. In general, the size of the particles is coarser at the 

slow cooling rate (Figure 4-13).  

 

Figure 4-13 SEM micrograph of the high Ti/N bearing steel at 800°C at 12°C min-1. 

 

Figure 4-14 SEM micrograph of the high Ti/N bearing steel at 800°C at 60°C min-1. 
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4.2.6 Fracture surface analysis  

The fracture surfaces for the medium Ti/N ratio steel (steel 2) tested for the temperature range 

900-1100°C at the cooling rate 12°C min-1 are shown in Figures 4-15 to 4-17. In general, 

various modes of fracture can be observed from these SEM figures. At 1100°C, intergranular 

grain boundary sliding is the main mode of fracture indicating brittle failure (Figure 4-15). As 

the temperature drops to 1000°C, a mixture of fracture modes is observed as shown by grain 

boundary sliding and ductile voiding, the latter indicating ductile fracture (Figure 4-16). At 

900°C, the fracture behaviour shifts dramatically to a ductile mode, as shown in Figure 4-17, 

where ductile voiding is dominant.   

 

Figure 4-15 Fracture behaviour of the medium Ti/N bearing steel at 1100°C. 
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Figure 4-16 Fracture behaviour of the medium Ti/N bearing steel at 1000°C. 

 

 

Figure 4-17 Fracture behaviour of the medium Ti/N ratio steel at 900°C. 
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4.3 Discussion  

4.3.1 Role of alloying elements 

Previous work [20] showed that a combination of Al and Nb in HSLA steel encourages 

transverse cracking during casting. This was ascribed to the inter-granlur mode of failure due 

to the detrimental precipitation of AlN at the austenite grain boundaries. Al behaves in a similar 

manner when added to TWIP steel by encouraging inter-granular fracture [16]. The addition of 

Nb is beneficial to strength but detrimental to hot ductility due to the formation of Nb(CN). 

Both elements (Al and Nb) are nitride formers and it is necessary to avoid the formation of 

both compounds AlN and Nb(CN) to maintain good ductility in B containing steels. 

Ti is also a nitride forming element but is not as detrimental to ductility as Al and Nb provided 

the TiN is coarse. Therefore, Ti is normally added when Al and Nb are present to in the steel 

to attract all the N from solution and only form TiN. This addition must be accompanied by a 

slow cooling rate ˂25 C min-1, to allow TiN particles to coarsen and avoid any deterioration in 

ductility [41]. To make B effective, removing the N [146] is always required to allow it to 

segregate to the boundaries and strengthen them to obstruct inter-granular cracking.   

During solidification, most of the N would be attracted to Ti to form coarse TiN particles, 

which act as nucleation sites for NbC precipitation [270]. Consequently, most of the NbC 

particles precipitate on the coarse TiN particles by the time the temperature reaches 1200°C 

during solidification [270]. Therefore, the detrimental fine precipitation of Nb(CN) is avoided, 

and in its place coarse Nb(CN) and TiN particles are obtained in the temperature range of the 

straightening stage as shown in Figures 4-11 and 4-12. A previous study [271] showed that 

increasing the amount of N increases the onset temperature for Nb(CN) precipitation and hence 

provides coarser particles.  

Extensive work has been carried out successfully to reduce transverse cracking in Nb 

containing HSLA steels but not eliminating it. Therefore, further processing is always required 

and that includes scarfing the surface to remove surface cracks and trimming the edges to 

remove edge cracks, creating a considerable amount of scrap.  

TWIP steels can be heavily alloyed with nitride formers that include Al, Nb, Ti and B to 

enhance specific properties. Therefore, there is always a great competition for N but Ti has the 

highest affinity to N among all the other nitride formers.  
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4.3.2 Analysis of the results  

The hot ductility curves shown in Figure 4-4 can be analysed based on the optical micrographs 

shown in Figure 4-8(a-c). The improvement of the hot ductility, as the temperature drops from 

1000 to 900°C, is associated with the onset of dynamic recrystallisation. It is shown to be more 

active in the region of the tensile specimen which is necking down to failure (Figure 4-8b). As 

the temperature goes down to 800°C, dynamic recrystallisation becomes less active and the 

grains coarsen further so (Figure 4-8c), and so ductility falls (Figure 4-4).  

The marked deterioration of ductility from 900 to 1100°C could be attributed to the behaviour 

of B [15]. At elevated temperatures, ˃900°C, B has less tendency to segregate to the 

boundaries, and so there is more chance for inter-granular fracture to occur [15]. Therefore, the 

deterioration of ductility at the higher temperature end of the curves, ˃900°C, (Figure 4-4) is 

ascribed to the reduction of B segregation to the boundaries, grain boundary sliding which 

increases as a function of temperature and the absence of dynamic recrystallisation. Moreover, 

although full solidification under equilibrium conditions takes place at ~1270°C, liquid films 

can be present at the austenite grain boundaries at lower temperatures and their volume fraction 

increases as a function of temperature [272].  

In order to evaluate the influence of Nb on the hot ductility, the current steels are compared 

with previous work on Nb free TWIP steels of otherwise similar composition. The previously 

examined steels were cooled at 60°C min-1 and so the current steels with the same cooling rate 

are used for comparison. The full composition of the current steels (1, 2 and 3) and previous 

work steels (4, 5 and 6) [174] is listed in Table 4-2. Moreover, the values of Ti/N ratio and 

[Ti][N] product were used to evaluate their influence on hot ductility. 

Table 4-2 Compositions examined (wt-%) for Nb-free TWIP steels (4,5,6) in previous work 

[174] and the current containing TWIP steels (1,2,3). 

Steel C Si Mn P S Al Ti Nb B N Ti/N [Ti][N] 

×10-4 

1 .60 .09 18.2 .009 .003 1.57 .019 .031 .0027 .009 2.1 1.71 

2 .60 .09 18.2 .009 .003 1.55 .030 .032 .0028 .010 3 3 

3 .60 .10 18.0 .010 .006 1.50 .075 .032 .0028 .011 6.8 8.25 

4 0.55 0.07 17.6 0.019 0.0014 1.44 0.098 - 0.0017 0.009 10.9 8.8 

5 0.62 0.30 18.2 0.007 0.006 1.50 0.105 - 0.0026 0.0073 14.4 7.7 

6 0.60 0.30 18.2 0.019 0.005 1.50 0.100 - 0.0027 0.0068 14.7 6.8 

 

The hot ductility curves for these steels at the temperature range (700-1100°C) are presented 

in Figure 4-18. It is obvious that as the N content and the [Ti][N] product increase the hot 

ductility improves. Furthermore, the addition of Nb actually improves the hot ductility. In the 
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presence of Ti, NbC particles are encouraged to precipitate out onto the Ti-rich particles at 

higher temperatures, resulting in coarser NbC and TiN particles and better ductility.  

 

Figure 4-18 Hot ductility curves for Nb and Nb-free TWIP steels, cooled at 60°C min−1. 

It is observed that the [Ti][N] gives a better measure of hot ductility than the Ti/N ratio. It is 

worth mentioning that the straightening operation in continuous casting takes place in the 

temperature range 800-1000°C. In this range, the difference in ductility between the low and 

the medium Ti/N steels (steels 1 and 2) is very small but the high Ti/N steel (steel 3) gives the 

best ductility.  

The hot ductility curves of the Nb free steels (steels 4, 5 and 6) varies markedly and so it is 

easier to identify the differences (Figure 4-18). It is observed that there is a direct relation 

between the [Ti][N] product and the hot ductility, in which increasing the [Ti][N] product 

(Table 4-2) leads to better ductility (Figure 4-18). This is related to the precipitation 

temperature, in which higher [Ti][N] product has the benefit of encouraging precipitation at 

higher temperatures and so the particles coarsen, leading to better ductility 

In the current work, it is interesting that the low Ti/N steel (steel 1 ˂ stoichiometric) did not 

show any detrimental AlN precipitation close to or at the boundaries. Alternatively, AlN 

precipitation was mainly in the matrix, which is not detrimental to ductility, so avoiding inter-

granular fracture. At this high level of N, a higher volume fraction of AlN is present which has 

a detrimental influence on ductility. However, there is also a coarsening of particles which has 

a beneficial effect on ductility and this has the greatest effect.   
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4.3.3 Inter-granular and transgranular failure  

Hot ductility in the austenitic phase depends on ease of crack formation and linking up of cracks 

along the grain boundaries. Inter-granular fracture is very common in steels but alloying the 

current TWIP steel with B was beneficial in keeping the failure trans-granular, and so giving 

good ductility.  

Inter-granular failure, when the RA is less than 40%, is enhanced by the presence of fine 

particles along the boundary. Less distance becomes available between the particles, which 

facilitates the crack propagation along the boundary from one particle to another. Moreover, 

the finer particle distribution at the boundary at high temperatures (1000-1100°C) can delay or 

pin the grain boundary movement encouraging grain boundary sliding as shown in Figure 4-

15, which explains the deterioration of the hot ductility at the higher temperature end of the 

curves in Figure 4-4. 

In trans-granular failure, the fracture is governed by void nucleation. In this case, coarser 

particles in the matrix are considered detrimental for ductility because void nucleation is easier 

with coarse particles and vice versa [273]. With coarse particles, the cavities that are formed 

are deeper around the particles making it easier to join up and give trans-granular failure. 

It is worth mentioning that it is not possible to eliminate the formation of grain boundary cracks. 

However, the development of these cracks is prevented by dynamic recrystallisation moving 

the boundary away from the cracks as finer recrystallised grains are produced (Figure 4-8b). In 

this way inter-granular failure does not take place. In this case, trans-granular failure takes over 

and the ductility becomes dependant on the ease of cracks linking up in the matrix. The cracks 

in the matrix then elongate into cavities and link up with cracks formed in the boundary and 

provide a mixed inter-granular and trans-granular failure as shown in Figure 4-16. 

Previous work [274] confirmed that trans-granular failure is controlled by microvoid 

coalescence around the inclusions in the matrix. However, inter-granular failure is dependent 

on the dynamic recrystallisation and the amount of grain boundary sliding. The latter is the 

most critical operation that controls crack development and the greater it is, the longer are the 

cracks and the worse is the ductility (Figures 4-4 and 4-15). 

Normally, cracks start forming at the grain boundaries so inter-granular failure contributes 

considerably toward failure behaviour. In this case, coarse precipitation is beneficial because 

it provides a longer distance between the particles, making it more difficult for cracks to link 

up. Moreover, coarse precipitation encourages dynamic recrystallisation and retards grain 
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boundary sliding, which is opposite to fine precipitation. Once the development of inter-

granular failure is avoided, trans-granular failure takes over and having finer precipitation in 

the matrix can provide further improvement to ductility. 

There is always a balancing act on the hot ductility behaviour depending on the precipitation 

characteristics e.g. size and volume fraction. The TiN precipitates can be coarsened to enhance 

ductility by increasing the content of Ti or N. However, this coarsening effect will be also 

accompanied by an increase in the precipitate volume fraction which is detrimental to ductility 

[60]. Previous work [60] showed that the increasing the Nb addition in a Ti containing steel 

resulted in coarser particles but without improving the hot ductility because of the higher 

volume fraction of precipitation which offset any benefits to ductility.   

4.3.4 Influence of cooling rate  

Increasing the cooling rate from 12 to 60°C min-1 was shown to improve the hot ductility for 

all the examined steels (steels 1, 2 and 3) independent of the Ti/N ratio as shown in Figures 4-

4 to 4-7. This improvement can be analysed based on the SEM micrographs shown in Figures 

4-13 and 4-14. The improvement of the hot ductility at the fast cooling rate is associated with 

a refinement of the particle size (see Figures 4-13 and 4-14 for comparison). Generally, it is 

expected that the particles will be finer at faster cooling rates because there is less time given 

for these particles to grow. For inter-granular failure, finer particle distribution normally results 

in early failure and poor ductility. However, when trans-granular failure is dominant, finer 

particle size will be beneficial to ductility. Indeed, previous work [275] on HSLA steel showed 

that increasing the cooling rate from 12 to 60°C min-1 lead to worse ductility because inter-

granular fracture was the dominant mode of failure. Therefore, the influence of cooling rate on 

hot ductility can vary depending on the mode of failure.  

4.3.5 Influence of reheating to 1250°C 

In the current work, steel samples were examined in the laboratory using hot tensile tests to 

simulate the continuous casting process to assess the likelihood of transverse cracking. In 

continuous casting, the steel is heated to the meting temperature, 1420oC. However, the steel 

samples in the current work were re-heated to only 1250°C due to the technical difficulties in 

reaching such a high temperature ~1420°C during the tests. This difference in thermal history 

must be considered to interpret the results in relation to the continuous cast process. Upon re-

heating to 1250°C, some of the N combined with Ti as TiN is taken back into solution. The 

amount of of N that goes back into solution at 1250°C can be predicted using the solubility 
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equation derived by Wada and Pehlke [152]. The results on the presently examined steels are 

given in Table 4-3.  

Equation 8 

                             Log (wt-%Ti)(wt-%N)total = −14400/T +4.94                    where T is in K. 

Table 4-3 Nitrogen in solution at 1250°C from solubility equations for TiN (wt-%).  

Steel Ti/N ratio Ti Total N N2 in 

solution 

1 2.1 0.019 0.009 0.0052 

2 3.0 0.030 0.010 0.0037 

3 6.8 0.075 0.011 0.0008 
 

The solubility equation of Leslie et al. [276] for steels with 1.5% Al free of Ti, shows that no 

N will be taken back into solution at 1250°C from the AlN precipitates. It is, therefore, unlikely 

that any of the N will go back into solution on re-heating in any of the current TWIP steels 

containing both Al and Ti, so that precipitation pattern is consistent in both cases (melting and 

re-heating).   

In regards to MnS precipitation, the solubility equation for MnS [277] shows that no sulphur 

will be taken back into solution at 1250°C due to the high Mn content.  

Equation 9 

Log [Mn][S] = −14855/T +6.82                   

Grain size is mainly affected by phase transformation but in the current austenitic TWIP steel 

no phase change will take place on re-heating and so the grain size will be similar to that given 

by the as-cast condition.  

SEM and EDS analysis have been conducted in order to analyse the precipitates present in the 

current TWIP steels based on the Ti/N ratio. In the low Ti/N ratio (steel 1), there is a high 

amount of AlN forming and this is because of the lack of sufficient Ti to combine with all the 

N. 

In the case of the high Ti/N ratio (steel 3), AlN precipitates are not present and only Ti-Nb-rich 

particles are observed as shown in Figure 4-10. Therefore, it can be understood that Ti first 

combines with the N and any N remaining in solution, as for steel 1, ends up combined with 

the Al.  
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4.3.6 The role of S in influencing the hot ductility  

A previous study [278] found that the segregation of S to the austenite grain boundaries is 

detrimental to the hot ductility. Another investigation [279] showed that precipitation of AlN 

to the grain boundaries can pin them and makes it easier for S to segregate to the boundaries. 

Reducing the S content in the composition was found to improve ductility even with the 

presence of high volumes of AlN precipitation. Recent work [280] has examined the role of a 

low S content, ~0.0005%, in influencing the hot ductility of TWIP steel with a similar 

processing conditions to the current work and observed very good ductility throughout the 

temperature range (700-1000°C). AlN precipitates are found to be always attached to MnS 

particles as shown in Figure 4-9. The MnS particles act as nucleation sites for AlN precipitation 

and so having a low S level will restrict the sites available for AlN to precipitate out. This lack 

of sites reduces the volume fraction of AlN precipitates and restricts their presence to the matrix 

rather than the boundaries [16]. Generally, a high Mn content with low sulphur level [281] has 

been shown to restrict the MnS precipitation to the matrix so avoiding the detrimental 

precipitation at the grain boundaries. In fact, eliminating the S from the steel will result in the 

production of crack-free steel but this is commercially not possible yet [280]. 
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5 Experimental, results and discussion of hot rolled HSLA steel 

5.1 Experimental  

5.1.1 Composition  

Laboratory vacuum melts were produced as 22kg ingots with the composition analysis given 

in Table 5-1. The base composition was ~0.06% C, 0.5% Si, 1.4% Mn. Steel H1 is of similar 

composition to steel H2 but is a ”normal” low Al (0.02-0.04%Al) plain C-Mn steel and will be 

used for comparison purposes to confirm or otherwise whether a high Al addition is beneficial 

to impact performance. In general, AlN is very sluggish in precipitating out in austenite and 

does not precipitate out during rolling and so does not influence grain size [282]. Most of the 

previous investigations have focused on low Al containing steels, ~0.02%Al, where AlN does 

not precipitate out during rolling. Increasing the Al content in the current work aims to 

encourage precipitation of AlN, as the driving force for precipitation becomes higher and thus 

Al can remove some or all the N from solution. N in solution has a detrimental effect on the 

impact behaviour of steels because it increases the ITT [283]. The removal of 0.001N% from 

solution has been shown to reduce the ITT by 2.75°C in plain C–Mn steels [283]. Impact 

behaviour has been shown, according to previous studies, to be improved by the addition of Al 

[26], the optimum being observed at 0.16%Al, and so this level was used for steel H2 [23,24]. 

 

In order to reach the strength level of control rolled steels an addition of Nb has been made to 

enhance the strength by precipitation hardening and grain refinement. Nb is normally added in 

the range 0.015-0.03% for strengthening and 0.018%Nb has been chosen for steel H3.  

 

The C content has been kept low at ~0.06% so as to minimise the likelihood of formation of 

lower transformation products, bainite and martensite. Silicon is added to steels to increase 

strength without deteriorating the impact behaviour. Commercially, the Si addition is normally 

set at 0.3% but a recent study [26] has shown that a further improvement in strength without 

influencing the impact behaviour can be made by increasing the addition to 0.5%. The 

beneficial influence of Si on strength was reported previously to give a solid solution 

strengthening of 80MPa on adding 1%Si [284]. Therefore, the contribution of Si for the all the 

examined steels in the current work would be estimated to give an additional strength of 

~40MPa and ~10°C reduction in ITT.  

 

The carbon solubility in ferrite at room temperature is very low, ~0.001%. When the carbon 

precipitates out on cooling to room temperature it can come out in various forms depending on 
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the carbon content and cooling rate. If the cooling rate is rapid the carbon cannot get to the 

boundaries, alternatively it precipitates as cementite in the form of pearlite. At a high cooling 

rate, the carbon gets frozen in solution and forms colonies of martensite. In case of the current 

low C steels, 0.06%C, under normal cooling conditions (air cooling), the majority of the carbon 

would be expected to precipitate out easily in the form of cementite and at the boundaries. 

Carbides are brittle in nature and they provide the nucleation sites for crack initiation and 

propagation [285], so the finer they are the better is the impact behaviour. 

Both Al and Nb have a major role on the development of grain boundary carbides and thus 

impact behaviour. Al contributes to slowing down the diffusion rate of carbon at the grain 

boundaries [23]. In earlier work, Al was reported to lower the pearlite start transformation 

temperature this being the temperature the carbides first form so giving less time for carbides 

to develop at the boundaries [285]. However, in the case of low Al additions (≤0.02%), the 

transformation temperature is higher and most of the C precipitates out as carbides at the grain 

boundaries resulting in thicker carbides. 

Extra care was taken during the design of the alloying composition and heat treatment to avoid 

the formation of the lower transformation products in the microstructure. The additions of both 

Al and Nb were restricted and the cooling rate through the transformation was reduced by 

working at a thicker plate. 

Nb is a strong carbide forming element, so encouraging the formation of NbCN precipitates 

[286]. The solubility of Nb depends mainly on the amount of Nb added to the composition. 

Increasing this amount leads to a subsequent rise in the dissolution temperature [287]. In the 

current work, the solubility temperature of Nb was predicted previously by Thermo-Calc to be 

~1200°C [259]. Therefore, the re-heating temperature in the current work was set to ~1250°C 

in order to ensure a complete dissolution of all the Nb particles.  

Steels H1 and H3 are of similar composition to steels H4 and H5, respectively, but the former 

plates were rolled to 15mm gauge and the latter two to 30mm thickness followed by air cooling. 

The cooling rates for 15 and 30mm air cooled plates are 33°C min-1 and 17°C min-1, 

respectively. The slower cooling rate of the thicker plate may be helpful in avoiding the lower 

transformation products.  The increase in finishing thickness to 30mm  meant that the ingot 

size had to be increased to 60kg to ensure that sufficient deformation was available to break 

down the as cast structure. 
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Steels C1 and C2 are of similar composition to steels H1 and H2, respectively, but H-steel 

plates were processed by hot rolling while the C-steel plates were control rolled so that 

comparisons could be made.  

Table 5-1 Composition wt-%, rolling condition and cooling rate of the HSLA steels chosen for 

examination. 

Steel Rolling 

condition 

Cooling 

rate  

(°C 

min-1) 

C Mn Si S P Nb Al N 

H1 HR* 33 0.051 1.4 0.46 0.0043 0.005 - 0.02 0.009 

H2 HR 33 0.06 1.4 0.47 0.0045 0.005 - 0.16 0.007 

H3 HR 33 0.056 1.39 0.46 0.0046 0.005 0.018 0.16 0.006 

H4 HR 17 .061 1.39 .49 .0046 .004 - .022 .007 

H5 HR 17 .062 1.38 .49 .0041 .004 0.018 .17 .007 

C2 CR+ 33 0.06 1.4 0.47 0.0045 0.005 - 0.16 0.007 

C3 CR 33 0.056 1.39 0.46 0.0046 0.005 0.018 0.16 0.006 

 

HR*: hot rolling, CR+: control rolling.  

 

5.1.2 Rolling  

After casting, the ingots were soaked at 1250°C in a furnace and then rolled, finish rolling at 

950°C and 900°C, for the hot and control rolled plate plates, respectively. The hot rolling was 

carried out to give 15mm and 30mm thick plates, the cooling rates being 33 and 17°C min-1, 

respectively. The control rolling was carried out also to give only 15mm thick plates, the 

cooling rate being 33oCmin-1. The temperature and heating time used was sufficient to ensure 

dissolution of all the carbides and the nitrides. The steel was then taken out of the furnace and 

rolled. Since the hot steel reacts with oxygen in the air, an oxide scale formed on the outer 

surface of the steel and this scale was removed before entering the mill using a hammer to 

avoid deterioration of the surface quality. The ingot was rolled by a powerful four-roll mill 

having two back up rolls and two smaller working rolls. The rolling schedules for the hot and 

control rolling are presented in Figures 5-1 and 5-2, respectively. The steel plates were then 

left to cool in air as shown in Figure 5-3 (See Appendix B for the detailed rolling schedule of 

the HSLA steels examined). 
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Figure 5-1 Schematic diagram of the hot rolling process: 1) Heating from room temperature 

to soaking temperature 1250°C; 2) Held at soaking temperature for 20 mins; 3) Gap time to 

receiving the billet from the furnace to the mill; 4) Deformed at temperatures generally in the 

range 1100°C to 950°C; 5) The plates were then air cooled after rolling to the desired 

thickness. 
 

 

Figure 5-2 Schematic diagram of the control rolling process: 1) Heating from room 

temperature to soaking temperature 1250°C; 2) Held at soaking temperature for 20 mins; 3) 

Gap time to receiving the billet from the furnace to the mill; 4) Deformed at temperatures 

generally in the range 1100°C to 1030°C; 5) Lowering the temperature to 950°C; 6) Held at 

this temperature; 7) Deformed at temperatures generally in the range 950°C to 900°C; 8) 

The plates were then air cooled after rolling to the desired thickness. 

 

5.1.3 Charpy impact test 

Standard Charpy V-notch impact samples were machined from the rolled plates in the rolling 

direction (Figure 5-3). The samples were prepared for the Charpy impact V-notch test based 

on the ISO 148-1 standard. Specimens were 55.60mm in length and 10.06mm in width and all 

specimens were notched in an identical way as shown in Figure 5-4. Controlling the 

temperature of each sample was achieved by immersing the specimen into constant temperature 

baths of liquid nitrogen and iso-pentane for 30 minutes. The specimens were then removed 

from the bath and rapidly transferred to a sample holder in the impact testing machine and 

impact tested (Figure 5-5). The values of the impact energy absorbed by the samples were 
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monitored using the software Zwick/Roell. This process was repeated for each sample over a 

range of temperatures to establish the impact transition curve.  

 

Figure 5-3 Schematic diagram of the impact specimen orientation relative to the rolling 

direction of the plate.  

 

Figure 5-4 Detailed dimensions of the impact test specimens. 

 

 

 Figure 5-5 Charpy Impact testing machine.   
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5.1.4 Tensile test 

Duplicate tensile specimens were machined from the plates in the transverse direction (Figure 

5-6a) and tested to fracture on an Instron tensile machine under static loading conditions at a 

cross head speed of 0.025 cm min-1. The tensile test was carried out according to ISO 6892-1 

standard at room temperature using a tensile testing machine supplied by DMG universal 

machines (Figure 5-6b). The samples had a 55mm gauge length and were 10mm in diameter 

(Figure 5-7). Strain gauges were connected to the samples to record the strain data during the 

test. The stress-strain curve was monitored using Bluehill software.  

 

(a) 
 

(b) 

Figure 5-6 (a) Schematic diagram of the tensile specimen orientation relative to the rolling 

direction of the plate.(b) Instron tensile testing machine supplied by DMG universal 

machines. 

 

Figure 5-3 Detailed dimensions of the tensile test specimens. 
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5.1.5 Metallography  
 

Preparation of samples 

One broken Charpy specimen showing a fully brittle fracture was taken at each composition 

and cooling rate for further analyses of the microstructure. The surface to be examined was the 

face opposite to the notch. The samples were then ground and polished according to the 

schedule shown in Table 5-2. On moving from one pad to another, the surface was cleaned 

with washing up liquid then sprayed with absolute ethanol and finally dried. At this stage, the 

samples had a mirror surface finish without any scratches or foreign matter for clear 

microscopic examination. Finally, the samples were etched using 2%nital (2%nitric acid with 

98%ethanol by volume) to show the detailed microstructure.  

Table 5-2 Preparation steps of samples for metallographic examination (stages 1-4). 

Stage Surface Abrasive / Size Load 

(N) 

Rotation Base 

Speed 

(rpm) 

Time 

(min) 

1 CarbiMet 120 to 320 grit SiC 

water cooled 

30 Clockwise 300 Until 

Plane 

2 UltraPad 9um MetaDi Supreme 

Diamond 

30 Anticlockwise 150 5:00 

3 TriDent 3um MetaDi Supreme 

Diamond 

30 Clockwise 150 3:00 

4 ChemoMet 0.05um MasterPrep 

Alumina 

30 Anticlockwise 150 2:00 

 

Optical microscopy 

Optical microscopy (OM) examinations were carried out to analyse the microstructure as a 

function of composition and cooling rate. The volume fraction of the phases present was 

measured by the point counting method while grain size was measured by the linear intercept 

method. The grain boundary carbide density was measured by counting the number of grain 

boundary carbides in a 20 mm linear traverse. 

Scanning electron microscope  

Scanning electron microscope (SEM) examinations were performed to analyse the 

microstructure as a function of composition and cooling rate. Examinations were carried out 

using FEG-SEM and the spatial resolution of the microscope was <50nm at 20kV accelerating 

voltage. The SEM was used to measure the thickness of the grain boundary carbides. The 

thickness of 100 carbides was measured for each sample and the average value was taken. 
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5.2 Results 

5.2.1 Mechanical properties   
 

Influence of increasing Al content from 0.02 to 0.16%  

The lower yield strength results of the 0.02%Al and 0.16%Al steels are shown in Figure 5-7. 

The Al content did not noticeably influence the lower yield strength. Indeed, the 0.02%Al steel 

gave a slightly higher strength, ~12MPa, which is equivalent to 4% increase. (See Appendix B 

for the detailed tensile measurements). 

 

Figure 5-4 Lower yield strength of the 0.02%Al and 0.16%Al steels.  

The Impact transition curves of the 0.02%Al and 0.16%Al steels are shown in Figure 5-8. 

Increasing the Al content gave a considerable improvement in impact behaviour, reducing the 

27J, impact transition temperature (ITT) from -50 to -90°C. (See Appendix B for the detailed 

impact energy measurements). 

 

Figure 5-5 Impact energy of the 0.02%Al and 0.16%Al steels at various temperatures.  
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Influence of 0.018%Nb addition to the 0.16%Al steel 

The lower yield strength results of the Nb free and 0.018%Nb containing steels are shown in 

Figure 5-9. The lower yield strength was significantly enhanced by the addition of Nb, in which 

the strength increased by 92MPa, which is equivalent to ~30% increase.  

 

Figure 5-6 Lower yield strength of the Nb free and 0.018%Nb steels. 

The Impact transition curves of the Nb free and 0.018%Nb containing steels are shown in 

Figure 5-10. The addition of Nb led to a marked deterioration in impact behaviour, increasing 

the 27J, ITT from -90 to -30°C. 

 

Figure 5-7 Impact energy of the Nb free and 0.018%Nb steels at various temperatures. 
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Influence of cooling rate on the 0.02%Al steel 

The lower yield strength results of the 0.02%Al steel at both cooling rates (33 and 17°C min-1) 

are shown in Figure 5-11. Reducing the cooling rate was found to reduce the lower yield 

strength by ~10%.  

 

Figure 5-8 Lower yield strength of the 0.02%Al steel at both cooling rates (33 and 17°C min-

1).  

The Impact transition curves of the 0.02%Al steel at both cooling rates (33 and 17°C min-1) are 

shown in Figure 5-12. Reducing the cooling rate led to a small  improvement of impact 

behaviour, the 27J, ITT decreasing by a small amount from -50 to -60°C.  

 

Figure 5-9 Impact energy of the 0.02%Al steel at both cooling rates (33 and 17°C min-1) at 

various temperatures.  
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Influence of cooling rate on the 0.018%Nb containing steel 

The lower yield strength results of the 0.018%Nb containing steel at both cooling rates (33 and 

17°C min-1) are shown in Figure 5-13. Again, reducing the cooling rate was found to reduce 

the lower yield strength by ~10%. 

 

Figure 5-10 LYS of the 0.018%Nb steel at both cooling rates (33 and 17°C min-1). 

The Impact transition curves of the 0.018%Nb containing steel at both cooling rates (33 and 

17°C min-1) are shown in Figure 5-14. Despite the scatter shown at the lower temperature end 

at the slower cooling rate, impact behaviour is generally better on slower cooling, the 27J 

impact ITT decreasing from -30 to -40°C. 

 

Figure 5-11 Impact energy of the 0.018%Nb steel at both cooling rates (33 and 17°C min-1). 

Both steels (0.02%Al and 0.018%Nb) showed a very similar response to cooling rate 

independent of the composition, the slower cooling rate giving a 10%  lower yield strength and 

a decrease in 27J, ITT of 10°C. 
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Influence of control rolling on the 0.16%Al steel 

The Impact transition curves of the hot and control rolled 0.16%Al steels are shown in Figure 

5-15. Both steels exhibit very similar impact energy throughout the entire temperature range -

20 to -120°C, and both have a 27J, ITT of ~-90°C.  

 

Figure 5-12 Impact energy curves of the hot and control rolled 0.16%Al steels. 

Influence of control rolling on the 0.018%Nb containing steel 

The Impact transition curves of the hot and control rolled 0.018%Nb containing steels are 

shown in Figure 5-16. Both steels behave in a similar manner in the temperature range 40-20°C 

but as the temperature drops further, control rolling was found to be effective in increasing the 

impact energy and lowering the 27J, ITT from -30°C to -75°C.  

 

Figure 5-13 Impact energy curves of the hot and control rolled 0.018%Nb containing steels. 
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5.2.2 Optical micrographs  
 

Influence of increasing Al content from 0.02 to 0.16% 

The microstructures of the hot rolled 0.02%Al and 0.16%Al steels are shown in Figures 5-17 

and 5-18, respectively. The phases present in both steels are ferrite and pearlite. Increasing the 

Al content from 0.02 to 0.16%Al raised the volume fraction of pearlite significantly from 5 to 

8%. The grain sizes were found to be 6.4 and 6.5mm-1/2 for the 0.02%Al and 0.16%Al steel, 

respectively, which is not significantly different. 

 

Figure 5-14 Optical microstructure of the hot rolled 0.02%Al steel at 33°C min-1. 

 

Figure 5-15 Optical microstructure of the hot rolled 0.16%Al steel at 33°C min-1. 
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Influence of 0.018%Nb addition to the 0.16%Al steel 

The microstructure of the hot rolled 0.018%Nb containing steels is shown in Figure 5-19. The 

volume fraction of pearlite decreased from 8 to 4% by the addition of 0.018%Nb (Table 5-3, 

see Figures 5-18 and 5-19 for comparison). This addition also changed the grain size 

distribution from a homogeneous to a heterogeneous distribution (a mixture of fine and coarse 

grains) but overall the grain size was refined from 6.5 to 8.2mm-1/2 by the Nb addition. 

Influence of cooling rate on the 0.02%Al steel 

The microstructure of the hot rolled 0.02%Al steel at the slower cooling rate (17°C min-1) is 

shown in Figure 5-20. Only ferrite and pearlite phases were present in the microstructure at 

both cooling rates Nb (Table 5-3, see Figures 5-17 and 5-20 for comparison). Lowering the 

cooling rate did not affect the grain size distribution but slightly coarsened the grain size from 

6.4 to 6.1mm-1/2.  

 

Figure 5-16 Optical microstructure of the hot rolled 0.02%Nb containing steel at 33°C min-1. 
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Figure 5-17 Optical microstructure of the hot rolled 0.02%Al steel at 17°C min-1. 

Influence of cooling rate on the 0.018%Nb containing steel 

The microstructure of the hot rolled 0.018%Nb containing steel at the slower cooling rate (17°C 

min-1) is shown in Figure 5-21. Again, no significant effect was observed on the volume 

fraction of phases (Table 5-3, see Figures 5-19 and 5-21 for comparison). The grain size 

distribution was similar in both steels but reducing the cooling rate coarsened the grain size 

from 8.2 to 7.4mm-1/2.  

 

Figure 5-18 Optical microstructure of the hot rolled 0.018%Nb containing steel at 17°C min-1 
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Influence of control rolling on the 0.16%Al steel 

The microstructure of the control rolled 0.16%Al steel is shown in Figure 5-22. Only ferrite 

and pearlite phases were present in the microstructure for both rolling conditions, hot rolling 

and control rolling (Table 5-3). The control rolling condition did not have any influence on the 

pearlite volume fraction nor the grain size (the slight refinement from to 6.5 to 6.6mm-1/2is not 

significan).  

Influence of control rolling on the 0.018%Nb containing steel 

The microstructure of the control rolled 0.018%Nb steel is shown in Figure 5-23. Only ferrite 

and pearlite phases were present in the microstructure for both rolling conditions, hot rolling 

and control rolling (Table 5-3, see Figures 3.3-19 and 3.3-23 for comparison). The control 

rolling condition was found to increase the pearlite volume fraction from 4 to 5 (not 

significant), with a small grain size refinement from 8.2 to 8.4mm-1/2. 

 

Figure 5-19 Optical microstructure of the control rolled 0.16%Al steel at 33°C min-1. 
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Figure 5-20 Optical microstructure of the control rolled 0.018%Nb containing steel at 33°C 

min-1. 

Detection of Widmanstätten ferrite by optical microscope 

A feature of these steels was the presence of Widmanstätten ferrite in most of the steels 

particularly after hot rolling as well as lower transformation products. Widmanstätten ferrite is 

normally recognised by the ferrite lenticular islands that appear in the pearlite colonies. 

However, optical micrographs often show teeth (saw) like structures which probably indicate 

the early stages of the development of the Widmanstätten structure. The structure was detected 

in all the examined steels and a typical structure is shown in Figure 5-24.  

 

Figure 5-21 A typical optical micrograph of Widmanstätten ferrite in the 0.018%Nb steel at 

17°C min-1. 
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The 0.018%Nb containing steel, H3 had the highest volume fraction of Widmanstätten ferrite 

while the 0.16%Al steel, H2 had the lowest volume. Generally, increasing the cooling rate gave 

a higher volume fraction of Widmanstätten ferrite. Optical micrographs showing examples of 

teeth or saw cuts are presented in Figure 5-25 (a,b) and SEM micrographs in Figure 5-25 (c).  

  

                                (a)                                                                    (b) 

  

(c)  

Figure 5-22 (a) OM photo showing teeth or saw cuts in the hot rolled 0.02%Al steel (40X), 

(b) OM photo showing teeth or saw cuts in the hot rolled 0.16%Al steel (40X), (C) SEM photo 

showing the teeth projecting into the transgranular Widmanstätten ferrite. 

The importance of Widmanstatten ferrite can be seen when the volume fraction is plotted 

against the 27J ITT (Figure 26).  
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Figure 5-23 Volume fraction of Widmanstätten ferrite plotted against the 27J ITT  
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5.2.3 Scanning electron microscope  
 

Influence of increasing Al content from 0.02 to 0.16% in Nb free steels, steels H1 and H2, 

respectively 

The SEM micrographs of the 0.02%Al (steel H1) and 0.16%Al (steel H2) are shown in Figures 

5-27 and 5-28, respectively. Carbides were detected in both steels at the grain boundaries. 

Increasing the Al content refined the grain boundary carbide thickness, slightly from 0.25 to 

0.21µm and the carbide density decreased from 16.2 to 14.1N mm-1.  

 

Figure 5-24 SEM micrograph of the hot rolled 0.02%Al steel (H1), with grain boundary 

carbides and an arrow pointing at serrated boundary indicating an attempt of forming 

Widmanstatten ferrite. 

 

Figure 5-25 SEM micrograph of the hot rolled 0.16%Al steel (H2), showing thinner grain 

boundary carbides.  
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Influence of 0.018%Nb addition to the 0.16%Al steel, steel H3 

The SEM micrograph of the hot rolled 0.018%Nb containing steel, steel H3 is shown in Figure 

5-29. It is observed that adding 0.018%Nb significantly altered the density and more 

importantly the thickness of the grain boundary carbides (Table 5-3, see Figures 5-28 and 5-

29) for comparison). The Nb addition coarsened the carbides from 0.21 to 0.3µm and increased 

their density from 14.1 to 18.9N mm-1.  

Influence of cooling rate on the 0.02%Al steel, steels H1 and steel H4 

The SEM micrograph of the hot rolled 0.02%Al steel, H4 at the slower cooling rate (17°C min-

1) is shown in Figure 5-30. Reducing the cooling rate is shown to slightly coarsen the grain 

boundary carbides from 0.25 to 0.27um and also reduced their density slightly from 16.2 to 

15.4N mm-1, (Table 5-3, see Figures 5-27 and 5-30 for comparison). 

 

Figure 5-26 SEM micrograph of the hot rolled 0.018%Nb containing steel (H3), showing 

grain boundary carbides. 
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Figure 5-27 SEM micrograph of hot rolled 0.02%Al steel at 17°C min-1 (H4), with grain 

boundary carbides. 

Influence of cooling rate on the 0.018%Nb containing steel, steels H3 and H5 

The SEM micrograph of the hot rolled 0.018%Nb containing steel at the slower cooling rate 

(17°C min-1), steel H5, is shown in Figure 5-31. Again, the slower cooling rate thickened the 

grain boundary carbides only slightly from 0.30 to 0.32um and reduced their density from 18.9 

to 17.1N mm-1, (Table 5-3, see Figures 5-29 and 5-31 for comparison). 

 

Figure 5-28 SEM micrograph of the hot rolled 0.018%Nb containing steel at 17°C min-1 

(H5), showing extensive coverage of the grain boundaries with carbides. An arrow pointing 

at carbides precipitating from the grain boundary to the matrix.  
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Influence of control rolling on the 0.16%Al steel, steel C2 

The SEM micrograph of the control rolled 0.16%Al steel is shown in Figures 5-32. The control 

rolling condition had only a small influence on the grain boundary carbide thickness and 

density, being 0.20um and 14.3N mm-1, respectively (Table 5-3, see Figures 3.3-28 and 3.3-32 

for comparison). 

Influence of control rolling on the 0.018%Nb containing steel, steel C3  

The SEM micrograph of the control rolled 0.018%Nb containing steel is shown in Figures 5-

33. The control rolling condition was found to reduce the grain boundary carbide thickness 

markedly from 0.30 to 0.23um associated with an increase in the carbide density from 18.9 to 

21.8N mm-1, (Table 5-3, see Figures 5-29 and 5-33 for comparison). 

 

Figure 5-29 Optical microstructure of the control rolled 0.16%Al Nb free steel at 33°C min-1 

(C2). 
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Figure 5-30 Optical microstructure of the control rolled 0.018%Nb containing steel at 33°C 

min-1, (C3).  
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Detection of AlN precipitates in the 0.16% Al, Nb free steel, steel H2 

A typical SEM photograph of the AlN precipitates in the 0.16%Al steel, steel H2 is shown in 

Figure 5-34. It was observed that AlN precipitates are normally attached to MnS particles and 

found adjacent to grain boundaries.  

 

 

Figure 5-31 SEM micrograph of the 0.16%Al steel (H2), showing typical AlN precipitates 

presented by the EDS analysis spectrum confirming the presence of AlN and MnS particles. 
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Influence of 0.018%Nb addition on the pearlite colonies of the 0.16%Al steel, steel H3 

A typical pearlite colony in the 0.16%Al steel, steel H2 is shown in Figure 5-35. However, the 

addition of 0.018%Nb, steel H2 reduced the volume fraction of pearlite significantly (Table 5-

3, Figure 5-36).  In addition, the plate carbides in the pearlite of the 0.16%Al steel appear more 

complete and straight and aligned in set, crystallographic oriented directions. However, the 

plate carbides in the 0.018%Nb containing steel, steel H3 do not not have a uniform shape and 

they do not follow any specific pattern. 

 

Figure 5-32 SEM micrograph of 0.16% Al (free Nb) steel (H2), showing a typical pearlite 

colony. 

 

Figure 5-33 SEM micrograph of the 0.018%Nb containing steel (H3), showing a "pearlite 

colony" which has partially transformed to other phases. Note the saw cut boundary and 

presence of Widmanstätten ferrite (under the arrow). 
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Detection of Widmanstätten ferrite by SEM  

Widmanstätten ferrite was observed under the SEM. Typical micrographs of Widmanstätten 

structures are shown in Figures 5-37 and 5-38 for the 0.018%Nb containing steel, steel H5 at 

17°C min-1.  

 

Figure 5-34 SEM micrograph of the 0.018%Nb containing steel at 17°C min-1 (H5), showing 

Widmanstätten ferrite (in red arrow) and M-A constituents (in blue arrow). 

 

Figure 5-35 SEM micrograph of the 0.018%Nb containing steel at 17°C min-1 (H5), showing 

Widmanstätten ferrite (in red arrow) and M-A constituents (in blue arrow). 
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5.2.4 Analysis of the optical and SEM micrographs 

The optical and SEM micrographs were analysed thoroughly for all the examined steels in order to obtain the following data; average grain 

size, volume fraction of phases, thickness and density of grain boundary carbides (Table 5-3).  

Table 5-3 Summary of the analysis of the optical and SEM micrographs.  

Steel Nb Al Plate 

thickness 

 

 

 

 

(mm) 

Cooling 

rate 

 

 

 

 
(°C min-1) 

Grain 

size  

 

 

 

 

(mm-1/2) 

Ferrite 

volume 

fraction  

 

 

 

(%) 

Pearlite 

volume 

fraction  

 

 

 

(%) 

Widman-

stätten 

ferrite 

volume 

fraction 

 

(%) 

Grain 

boundary 

carbide 

thickness  

 

 

(µm) 

Grain 

boundary 

carbide 

density 

 

 

(N mm-1)  

H1 - 0.02 15 33 6.4 95.2 4.8 0.75 0.25 

 

16.2 

 

H2 - 0.16 15 33 6.5 92.1 7.9 0.3 0.21 

 

14.1 

 

H3 0.018 0.16 15 33 8.2 95.9 4.1 1.7 0.30 

 

18.9 

 

           

H4 

 

- 0.02 30 17 6.1 95.4 4.6 0.6 0.27 15.4 

H5 

 

0.018 0.16 30 17 7.4 96 4.0 1.4 0.32 17.1 

           

C2 - 0.20 15 33 6.7 92.3 7.7 0.25 

 

0.20 14.3 

C3 0.018 0.16 15 33 8.9 95 5 1.3 0.23 

 

21.8 
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5.3 Discussion.  

5.3.1 Influence of increasing Al content from 0.02 to 0.16%, steels H1 and H2 

The 0.02%Al (H1) and 0.16%Al (H2) steels showed a similar level of strength despite the large 

difference in Al content. Indeed, the 0.02%Al steel gave a small improvement in strength over 

the 0.16%Al steel by around 12MPa as shown in Figure 5-7.  

Precipitation of AlN  

The lower yield strength of the 0.02%Al bearing steel is slightly higher than the 0.16%Al 

bearing steel (Figure 5-7). This can be ascribed to the presence of N in the solid solution, rather 

than precipitating as AlN, so contributing to strength improvement [283]. However, this 

improvement in strength was associated with a marked deterioration in impact behaviour, the 

ITT was found to be -50 and -90°C for the 0.02%Al and 0.16%Al steels respectively, as shown 

in Figure 5-8.  

There is no grain refinement from the 0.16%Al addition. AlN was however found in the 0.16% 

Al steel (H2) so some N was taken out of solution (Figure 5-34). The interstitial hardening by 

1%N is ~5000MPa [283], so a complete removal of 0.008%N in the 0.16%Al steel would be 

expected to lead to a decrease in strength by ~40MPa but the amount actually removed is not 

clear. 

The solid solution hardening by Al would account for 14MPa (1%Al increases strength by 

70MPa so 0.16% Al increases strength by 14MPa). In addition, the 0.16%Al steel contains a 

higher volume fraction of pearlite, ~8%, in comparison with the 0.02%Al steel, ~5%. Pearlite 

is known to enhance strength (1% pearlite increases the yield strength by 1.5MPa so this would 

mean an increase of strength of 5MPa) so the higher it is in the microstructure, the higher is 

the strength level. Therefore, both factors, the solid solution hardening by Al and pearlite 

volume fraction, contribute to narrowing down the strength difference due to Al precipitation. 

However, this suggests that only 0.004%N is taken out of solution for the 0.16%Al (H2) steel. 

The removal of 0.004%N in the current 0.16%Al steel due to AlN precipitation should reduce 

the ITT by ~12°C [283]. This is much lower than the actual value 40oC and the good impact 

behaviour is accounted for by the refinement in the grain boundary carbides and a reduction in 

the volume fraction of Widmanstätten ferrite (WF), 0.75 to 0.30%.  
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Grain boundary carbides  

The carbon solubility in ferrite at room temperature is very low, ~0.001%. When the carbon 

precipitates out on cooling to room temperature it can come out in various forms depending on 

the carbon content and cooling rate. If the cooling rate is rapid the carbon cannot get to the 

boundaries, alternatively it precipitates as cementite in the form of pearlite. At a high cooling 

rate, the carbon gets frozen in solution and forms colonies of martensite. In case of the current 

low C steels, 0.06%C, under normal cooling conditions (air cooling), the majority of the carbon 

would be expected to precipitate out easily in the form of cementite and at the boundaries. 

Al and Nb have a considerable influence on the development of carbides during precipitation. 

Increasing the Al content from 0.02 to 0.16% refined the grain boundary carbides thickness 

from 0.25 to 0.21µm and reduced the carbide density from 16.2 to 14.1N mm-1 (Figures 5-27 

and 5-28). This would result in the ITT decreasing by 8oC if the normal vector for thickness 

173t1/2 is used. Carbides are brittle in nature and they provide the nucleation sites for crack 

initiation and propagation [285], so the finer they are, the better is the impact behaviour as 

shown in the 0.16%Al steel (Figure 5-8). However, this is insufficient to account for the better 

properties and again the reduction in the WF may contribute. 

Formation of pearlite 

It is observed that the 0.16%Al steel gave a higher volume fraction of pearlite, ~8%, in 

comparison with the 0.02%Al steel, ~5% (Table 5-3). The increase in pearlite volume fraction 

in the 0.16%Al steel was found to be associated with the refinement of grain boundary carbides 

(Table 5-3). Pearlite supplies the grain boundary with carbides, so there is a direct relationship 

between the volume fraction of pearlite colonies and the amount of grain boundary carbides 

[285]. The finer and fewer grain boundary carbides in the 0.16%Al steel indicates that a smaller 

number of carbides were supplied by pearlite in comparison with the 0.02%Al steel. 

A previous investigation [26] showed that the addition of 0.1%C to hot-rolled low-alloy steel 

containing 0.16%Al would give an average pearlite volume fraction of ~20%. In addition, the 

combination of 0.1%C and 0.16%Al was found to encourage the formation of the lower 

transformation products, bainite and martensite [26]. In the present work, the carbon addition 

was restricted to 0.06% in order to prevent the formation of lower transformation products and 

to promote ferrite formation and limit the volume fraction of pearlite. Such an arrangement has 

provided ferritic–pearlitic microstructure (Figures 5-17 and 5-18).  
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The effect of pearlite volume fraction on ITT of hot rolled steels can be estimated using 

Equation 10 [282]: 

Equation 10 

ITT °C = 18(%P)1/3 

where %P is the pearlite volume fraction. 

The low volume fraction of pearlite in the current 0.16%Al steel, ~8%, in comparison with the 

previous work, ~20%, is beneficial to impact behaviour, preventing the increase of ITT due to 

the reduced volume fraction of the harder carbide phase [288] as shown in Table 5-4.  

Table 5-4 The influence of carbon content on pearlite volume fraction and ITT for the current 

steels (H1-0.02%Al and H2- 0.16%Al) and previous steels with the higher volume fraction 

(P-0.02%Al and P2-0.16%Al) [26]. 

Steel C 

(%) 

Al 

(%) 

Nb 

(%) 

Pearlite 

volume 

fraction 

(%) 

Increase 

of ITT 

(°C) 

H1 0.06 0.02 - 5 30 

P1 [26] 0.11 0.02 - 20 49 

H2 0.06 0.16 -   8 36 

P2 [26] 0.11 0.16 - 19 48 

 

However, this improvement would be accompanied by a reduction in LYS, since the LYS of 

ferrite-pearlite steels decreases gradually on reducing the volume fraction of pearlite [289]. 

This deterioration in strength is affected significantly by the cooling rate, combination of a fast 

cooling rate and a high volume of pearlite leads to very much lower strengths (Figure 5-39). 

However, the current steels were air cooled and thus only a very slight deterioration in LYS is 

expected.  
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Figure 5-36 Effect of pearlite volume fraction on the yield strength of ferrite-pearlite steels 

[289]. 

Despite the fact that Al has the advantage of reducing the amount of WF, removing N from 

solution and refining the grain boundary carbides, the Al content should always be restricted 

because higher additions, ˂0.16%Al favour the formation of martensite, which in turn 

deteriorates the impact behaviour and results in preyielding so giving a lower LYS [25]. 

Therefore, the addition of 0.16%Al is recommended to achieve the optimum balance in strength 

and impact behaviour.  

 

5.3.2 Influence of 0.018%Nb addition to the 0.16%Al steel, steels H2 and H3 
 

 

The previous discussion showed that increasing Al content from 0.02 to 0.16% in hot rolled 

HSLA steel improves impact behaviour without impairing strength. Further work has been 

conducted to explore whether further improvement could be obtained by the addition of Nb. 

Adding 0.018%Nb to the 0.16%Al steel was found to give a considerable improvement in 

strength (Figure 5-9). The 0.018%Nb steel achieved the highest strength level among all tested 

steels, obtaining a 100MPa increase in LYS in comparison with the Nb free steel. The 

considerable improvement in strength is observed to be associated with a high degree of grain 

size refinement as shown in Figure 5-19. 

 

Despite the great advantage of Nb addition on the strength, Nb caused the impact behaviour to 

markedly deteriorate, increasing the ITT from -90 to -30°C (Figure 5-10). Despite the absence 

of martensite and bainite in the optical microstructure the impact behaviour still deteriorated 
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considerably. This is because Nb encourages the formation of WF. WF is very dependent on 

grain size and one of the problems with Nb is that it has a mixed grain size and the coarser 

grains favour the production of WF. 

 

Precipitation of NbCN 

 

Initially, NbCN dissolves during the homogenisation stage, generally at 1250°C as shown in 

Figure 5-40, [290] but NbCN has the lowest solubility among all the metal carbides [291]. 

Therefore, as the temperature drops and during the hot rolling process, supersaturated Nb 

precipitates out from solution leading to the formation of NbCN at the lattice defects such as 

dislocations and also at grain boundaries due to the mismatch between Fe matrix and NbCN. 

This behaviour has the advantage of preventing excessive grain growth (Figure 5-19). NbCN 

is very effective in retarding grain boundary movement through pinning during hot rolling 

[292]. During cooling, the new ferrite phase nucleates on the austenite grain boundaries. Due 

to the considerable grain size refinement of the Nb steel, nucleation of the ferrite phase is 

encouraged due to the availability of a higher fraction of boundaries [293]. Therefore, more 

nucleation sites prior to transformation become available and so transformation occurs more 

readily at a higher temperature. 

 

Figure 5-37 The stability of carbonitride forming elements (Nb, Ti, V) at 600–1600°C [259]. 
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Grain boundary carbides 
 

Generally, transformation temperature has a considerable effect on carbide development, in 

which higher transformation temperature would give more time for carbides to grow and 

thicken [293]. Therefore, Nb steel is found to have the finest grain size as well as the highest 

carbide thickness and density among all the examined steels (Table 5-3). 

The increase in the grain boundary carbide thickness and density in the Nb steel is found to be 

associated with a significant change in the morphology of pearlite. Firstly, the addition of Nb 

reduced the volume fraction of pearlite from 8% to the half ~4% (Table 5-3). Secondly, the 

pearlite colonies in the Nb free steel are found to be saturated with cementite (Figure 5-35). 

However, the addition of Nb reduced the volume fraction of cementite considerably (Figure 5-

36). Another observation is that plate carbides in the Nb free steel appear to be more tidy and 

uniform and are arranged crystallographically in lines of set orientation.  However, the plate 

carbides in the Nb steel do not have a uniform shape and they are not following a specific 

pattern. The reduction of pearlite volume fraction and cementite density in the pearlite colonies 

can account for the significant increase in the grain boundary carbide thickness and density of 

the Nb steel.  

Cracks start at carbides along the grain boundary, this being the preferred site for cleavage 

crack propagation. The thickness of these carbides controls the initiation and propagation of 

cracks along the boundary. The thicker carbides, as the case in the Nb steel, speed up the cracks 

development and make it easier for cracks to link up, not really so in the case of transgranular 

brittle failure but is so for intergranular, leading to final fracture and thus poor impact 

behaviour. However, it is worth mentioning that the change in carbide thickness from 0.2 to 

0.32um, by the addition of Nb, will cause the ITT to increase by about 20°C but the further 

increase in ITT is caused by the formation of LTPs and WF.     

Despite the fact that a higher degree of grain size refinement can be obtained by increasing the 

Nb level, coarser carbides are induced at the boundaries leading to poorer impact behaviour. A 

change in carbide thickness from 0.21um (H2) to the Nb containing steel (H3) would account 

for 16oC. However, the Nb encourages WF and lower transformation products making the 

impact behaviour far worse. 

The carbon content in the current work was kept lower, ~0.06%, in comparison with previous 

work [26] due to the fact that a combination of high contents of carbon and aluminium/niobium 
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would lead to the formation of lower transformation products leading to poor impact behaviour 

[26]. However, at low carbon levels transformation occurs at higher temperatures as indicated 

in the iron-carbon phase diagram (Figure 5-41), so lower carbon contents result in coarser grain 

boundary carbides due to the wider window available for carbide growth. However, this would 

only give a relatively small increase in ITT. 

 

Figure 5-38 Iron-carbon phase diagram [294]. 

 

 

Grain size distribution   

An abnormal grain structure (a mixture of coarse and fine grains) was only observed in the Nb 

steel (Figure 5-19). The degree of refinement depends mainly on the size of NbCN particles. 

During cooling, the size of these particles increases and since slow cooling rates were used in 

the present work, more time was given for the NbCN particles to grow. When the particle size 

exceeds a critical level, the pinning effect becomes weaker, resulting in a further growth of the 

grains [293]. Due to the size variation of NbCN particles, particular grains are allowed to grow 

preferably faster than the others and thus abnormal grain microstructure is obtained [295]. The 

WF only formed in the coarse grains. 

5.3.3 Influence of Widmanstätten ferrite  

Widmanstätten ferrite was observed in the examined steels but the Nb steel obtained the highest 

volume fraction while the 0.16%Al steel had the lowest fraction (Table 5-3), a typical 

Widmanstätten structure is shown in Figures 5-24 and 5-25. The teeth observed under the SEM 
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(Figures 5-37 and 5-38) represent the side plates of the formed Widmanstätten ferrite [296]. 

Widmanstätten ferrite plates nucleate on the interface between austenite and ferrite grains as 

reported in previous work [297]. It is clear that the carbon built up at the tips of the ferrite 

needles during cooling so favouring carbide formation. Due to the low carbon content in the 

currents steels, 0.06%, the pearlite reaction often ends early because the front runs out of 

carbon, resulting in carbide sheets of the pearlite colonies separated by the ferrite.  

Generally, hypoeutectoid steels having Widmanstätten ferrite are characterised by poor impact 

behaviour and low ductility in comparison with regular ferrite/pearlite structures [298]. The 

current work shows that as the volume of WF increases, the ITT increases (Figure 5-26). 

Carbides are brittle and they provide the nucleation sites for crack initiation and propagation 

[285] but the teeth like carbides have a higher tendency to break more easily than normal 

carbides to initiate the crack for brittle failure. The strong pearlite is separated by weak ferrite 

patches along which crack can propagate more readily due to the lack of any support such as a 

grain boundary or another pearlite lamellar to break up crack propagation.  

Lu S et al. [299] pointed out that a small addition of Nb, ~0.02wt.%, increases the amount of 

Widmanstätten ferrite at the expense of pro-eutectoid ferrite. Widmanstätten ferrite forms 

because of the coarse austenite grain size and the cooling rate being fast enough. Generally, 

the increase of Widmanstätten ferrite content enhances strength but lowers the impact energy 

while the increase of pro-eutectoid ferrite content enhances impact behaviour [299]. Therefore, 

the high volume fraction of Widmanstätten ferrite formed by Nb addition in the present work 

is an additional factor that contributed to the strength improvement (Figure 5-9) and 

deterioration of impact behaviour (Figure 5-10).  Subsequently, the 0.16%Al steel, having the 

lowest volume fraction of Widmanstätten ferrite, shows the best impact behaviour among all 

the examined steels (Figure 5-26). Further processing through annealing is effective in 

eliminating Widmanstätten structure but the main objective of the current work was to optimise 

the mechanical properties on hot rolling. 

5.3.4 Influence of cooling rate 

The current work has also examined the influence of cooling rate on the microstructure and 

mechanical properties of the 0.02%Al steel and 0.018%Nb steel (Table 5-3). Reducing the 

cooling rate from 33 to 17°C min-1 was found to reduce the LYS for both steels (Figures 5-11 

and 5-13) but improve the impact behaviour slightly (Figures 5-12 and 5-14).  
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Cooling rate is a very critical parameter in controlling microstructural features and hence 

properties. Reducing the cooling rate gave a coarser grain size for the 0.02%Al steel (Figure 5-

20) and also for the 0.018%Nb steel (Figure 5-21). Grains are known to grow rapidly in the 

austenitic phase so the faster cooling rate gives less time for grains to grow [224].   

Development of grain boundary carbides   

Coarser carbides were obtained by lowering the cooling rate for the 0.02%Al steel (Figure 5-

30) and also for the 0.018%Nb steel (Figure 5-31). Fast cooling rates are effective in lowering 

the transformation temperature (austenite to ferrite) and as a result, less time becomes available 

for carbides to grow during transformation [300]. The finer grain size obtained at the fast 

cooling rate, by giving less opportunity for carbides to accumulate at the boundary through 

providing a higher fraction of boundary, also contributes in the carbide refinement.  

In order to analyse the kinetics of carbides formation and growth, it is important to understand 

the phenomenon behind their origin and early stages of development. Based on SEM 

micrographs (Figures 5-35 and Figure 5-36), grain boundary carbides are not isolated but often 

attached to the pearlite colonies. This indicates that these carbides originate from pearlite and 

their subsequent development depends significantly on the former pearlite reaction and so 

pearlite acts a feedstock for grain boundary carbides. Both, carbide plates within the pearlite 

colony and the carbides at the boundary of the pearlite contribute to feeding the grain boundary 

with carbides [285]. As the carbides precipitate from the pearlite colonies to the grain 

boundaries, the refinement of these carbides depends significantly on the duration of pearlite 

transformation. A lower transformation temperature, as is the case for the fast cooling rate 33°C 

min-1, is expected to give finer grain boundary carbides due to the smaller period available for 

carbides to precipitate out of pearlite [285]. Carbides are often found attached to the pearlite 

colonies, so the size and volume fraction of pearlite grains are of importance. Refinement of 

austenite grain size at the fast cooling rate will sequentially refine both the ferrite and pearlite 

grain size. In this case, finer pearlite colonies are obtained which result in thinner and denser 

carbides at the boundaries for the 0.02%Al steel (Figure 5-27) and also for the 0.018%Nb steel 

(Figure 5-29).  

The role of thermal history based on the austenitising temperature in influencing carbides 

should be considered [300]. This is due to the fact that higher austenitising temperatures will 

result in coarser austenite grain size [224]. Coarse grain size reduces the transformation 

temperature which could lead to a refinement of the grain boundary carbides. Offsetting this is 
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that a coarser austenite grain size leads to a coarser ferrite grain size which would give coarser 

carbides.  

Widmanstätten ferrite 

Reducing the cooling rate is found to be associated with having less amount of Widmanstätten 

ferrite for the 0.02%Al steel and also for the 0.018%Nb steel (Table 5-3). Previous work [301] 

has also concluded that the volume fraction of Widmanstätten ferrite increases with increasing 

the cooling rate. At faster cooling rates, less time is available for diffusion of the equilibrium 

pro-eutectoid ferrite. Instead, non-equilibrium ferrite develops easily in the form of a 

Widmanstätten pattern. Independent of the composition, the improvement of lower yield 

strength and the deterioration of impact behaviour, for both steels 0.02%Al and 0.018%Nb at 

the faster cooling rate 33°C min-1, is associated with an increase in the volume fraction of 

Widmanstätten ferrite (Figure 5-26).  

The refinement of grain size and grain boundary carbides at fast cooling rate was expected to 

give better impact behaviour. However, the formation of higher volume fraction of 

Widmanstätten ferrite at this cooling rate is found to eliminate any beneficial effects of 

refinement of grain size and grain boundary carbides.  

5.3.5 Influence of control rolling   

Control rolling has been shown to improve the impact behaviour of the 0.018%Nb steel (Figure 

5-16). The improvement in the steel has been shown to be associated with a refinement in grain 

size and a refinement in carbide thickness and a reduction in the volume fraction of 

Widmanstätten ferrite (Table 5-3). In control rolling, the steel plate is rolled below the non-

recrystalisation temperature, which creates a high density of dislocations. During 

transformation, ferrite nucleates preferably at these dislocations, so a finer ferrite grain size is 

achieved. Upon refinement of grain size, carbide thickness was shown to be thinner and denser 

due to the higher area fraction of grain boundary available for carbide to precipitate on, so less 

chance is available for carbides to accumulate at the boundaries (Figure 5-33). Generally, finer 

grain sizes are more resistant to the formation of lower transformation products like bainite and 

martensite and particularly Widmänstatten ferrite. Therefore, the improvement of impact 

behaviour (-30°C to -75°C, ITT) can be ascribed to the decrease of carbide thickness (0.30 to 

0.23μm) and Widmänstatten ferrite (1.7 to 1.3%) as a result of grain size refinement (8.2 to 

8.9mm-1/2). Removal of N must also form part of any improvement in ITT. Moreover, the 
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decrease in carbide thickness was found to be associated with an increase in pearlite volume 

fraction (4 to 5%) due to the fact that pearlite supplies the grain boundary with carbides.   

Control rolling had no influence on the impact behaviour of the 0.16%Al steel (Figure 5-15). 

The microstructural measurements, including grain size and carbide thickness (Figures 5-22 

and 5-32), did not vary for both conditions; hot and control rolling (Table 5-3). Although there 

was a considerable improvement in the properties of the 0.018%Nb steel on control rolling, the 

0.16% Al steel was not influenced by the rolling condition. Al is very effective in suppressing 

grain boundary carbide development and the formation of Widmänstatten ferrite in the hot 

rolling condition. Therefore, it should not be assumed that there is no improvement in impact 

behaviour on control rolling. In fact, Al enhanced the impact behaviour of the hot rolled steel 

so that it reached the low ITT levels pertaining to the control rolled steel. Among all the 

examined steels, the 0.16%Al steel was found to give the finest grain boundary carbides and 

the lowest level of Widmänstatten ferrite and this gave the lowest ITT at 27J.  
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6 Conclusions and futue work  

6.1 Conclusions 

6.1.1 Hot ductility of TWIP steel 

 The effect of Ti/N content ratio on the hot ductility of the Nb-containing, high Al, 

high N, TWIP steels was examined. For the Ti/N ratio, range examined of 2.1 to 

6.8, the hot ductility was good >40% RA in the straightening temperature range 

800–1000°C, indicating that such steels can be processed by  continuous casting 

without the formation of transverse cracks. Previous work has shown that when the 

RA value exceeds 40% no cracking occurs [42]. 

 

 The high ductility has been shown previously to be due to the presence of boron 

[161]. The addition of 0.003%B enhances the hot ductility of TWIP steel by B 

segregating to the austenite grain boundaries and strengthening them. However for 

atomic B to segregate unimpededly without combining with N first to form a nitride 

before reaching the boundaries, all the free N must first be removed. Ti is normally 

added to achieve this and the stoichiometric Ti/N ratio of at least 3.4 is required.  

 

 To achieve this high ductility of ≥ 40% the Ti/N ratio should not only meet the 

stoichiometric ratio of 3.4 but should also produce a sufficiently coarse enough TiN 

particle size to not influence the hot ductility. This is where the high N content has 

the advantage over a low N content. The driving force for precipitation to take place 

is given by the product of [Ti][N] and the higher this is  the higher is the 

temperature at which the precipitation occurs and so  the coarser will be 

the  precipitation with the potential of better hot ductility.  

   

 The comparatively small difference in the hot ductility for the steels examined, 

indicate for these steels there is no point in exceeding the stoichiometric Ti/N ratio 

of 3.4. Even below this ratio, a Ti/N ratio of 2.2 was adequate and this may be 

because the high Al content can remove the remaining free N as a coarse AlN 

precipitation.  

 

 Previous work [66] has shown that the TiN precipitates are excellent sites for 

Nb(CN) to precipitate out on. As TiN forms at high temperature ~1450°C, the 

further precipitation of Nb(CN) on cooling on top of the original TiN 
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particles  leads to a coarser conglomerate precipitation that enhances ductility. 

Removing the Nb from solution in this way avoids the very fine detrimental to 

ductility, dynamically induced precipitate of NbCN, which occurs during the 

straightening operation.  

 

  AlN has been shown to precipitate preferentially at the austenite boundaries rather 

than in the matrix and this is the most detrimental place for favouring intergranular 

fracture and poor ductility. It has also been shown to precipitate out on MnS 

inclusions.  Reducing the S content to 0.005% results in a low volume fraction of 

MnS inclusions encouraging transgranular ductile failure. The MnS nucleation sites 

are now mainly in the matrix and the AlN precipitates as coarse hexagonal particles 

with little influence on ductility [154].    

 

 The maximum improvement in hot ductility was attained at 900°C in all the 

examined TWIP steels. This improvement is due to dynamic recrystallisation being 

able to occur resulting in the coarse austenite grain size being refined. Dynamic 

recrystallisation in these steels is more active in the region of the tensile specimen 

which has necked down to failure. Dynamic recrystallisation does not normally 

occur during the straightening operation because the strain involved in the bending 

operation, 1-2%, is too small. Ductility in these steel is nevertheless good enough 

to avoid cracks even without dynamic recrystallisation.  

 

 Because the ductility was so good transgranular failure rather than intergranular 

failure occurred and because of this a faster cooling rate was more beneficial as 

finer particles are formed which give better ductility as ductile voiding is very 

much reduced. 
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6.1.2 Yield strength and impact behaviour of hot rolled HSLA steel 
 

 The aim of the present work to develop a hot rolled steel having a lower yield 

strength between 350 and 400MPa to replace control rolled steels of similar 

strength levels and more importantly to have similar impact behaviour has not been 

fulfilled. 

 

 Adding 0.16%Al, to a hot rolled plain C-Mn steel resulted in a substantial 

improvement in impact behaviour, the 27J ITT being 40°C lower. An excellent 27J 

ITT of -90oC was obtained but returned the same lower yield stress of ~300MPa as 

the plain C-Mn steel. 

 

 Adding Nb to increase the yield strength by grain refinement and precipitation 

hardening was successful in achieving the required strength ~400MPa but the ITT 

was much worse than expected, (-30°C). Generally, it is found that an increase in 

strength by 100MPa to attain the desired strength level of 400MPa, should have 

given rise to an increase in ITT of 25 to 50°C resulting for the Nb containing steel 

in an ITT of -40 to -65°C not the -30°C given in this work 

 

 The deterioration in impact behavior of the Nb containing hot rolled steel is caused 

partly by the formation of thicker grain boundary carbides and partly by the 

presence of a higher volume fraction of Widmanstätten ferrite accompanied by the 

presence of MA. In contrast, the 0.16%Al containing steel which had given 

excellent impact behaviour had no MA and was relatively free of Widmanstätten 

ferrite. Its better impact behaviour over a plain C-Mn steel is ascribed to refinement 

of the grain boundary carbides and removal of N from solution as AlN.    

 

 Independent of the composition, all the hot rolled steels show a similar response to 

cooling rate, the slower cooling rate ,17°C min -1, giving a 10% reduction in yield 

strength and a decrease in ITT of 10°C in comparison with the fast cooling rate, 

33°C min-1. The reduction in strength and improvement in ITT was ascribed to the 

slower cooling rate resulting in a coarser precipitation of Nb(CN). The changes 

in grain boundary carbide thickness on altering the cooling rate were too small to 

have any influence on the impact behaviour. 
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 In contrast to hot rolling, control rolling improved the impact behaviour of the Nb 

containing steel (reducing the ITT from -30 to -75°C) due to grain refinement. 

Precipitation hardening by Nb(CN) also raised the strength to ~400MPa leading to 

an excellent combination of mechanical properties. Of great importance to the 

present examination is that the grain refinement prevented the formation of 

Widmanstätten ferrite and MA, so that the benefit from adding Al to Nb containing 

steel could be observed.  If therefore one can prevent the formation of MA and 

Widmanstätten ferrite then achieving the original aim of achieving a strength level 

of 400MPa and an ITT of -50oC in hot rolled steels should be possible.  
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6.2 Future work  

6.2.1 Hot ductility of TWIP steel 

 It may not be necessary to achieve the stoichiometric Ti/N ratio, ~3.4, for TiN, as 

the high Al level seems sufficient to remove all the N from solution as AlN. The 

Ti is only being added to remove the N so the atomic boron can segregate 

unimpededly to the grain boundaries. However, an equally important factor is that 

this removal of N by Ti for the cooling rates examined also occurs without 

influencing the hot ductility as the TiN particles formed are very coarse. Whether 

the AlN is needed to coarsen the TiN is not known.  A high Al content (1-2%) is 

required to meet the properties so from any commercial development this will 

always be a prime requirement. If Ti is not required this will obviously reduce cost. 

The present work indicates that for these high N steels (0.01%N) even if Ti is 

required a Ti/N ratio of 2.2 is enough to give RAs ≥ 40%, the value required to 

avoid cracking. This means a Ti addition of 0.02% should be sufficient. The hot 

ductility of a steel with an even lower Ti/N ratio of 1, eg.0.01%Ti should be 

examined as well as a steel with no Ti.  

 

 In order to meet the high strength often required in these steels at room temperature 

a Nb addition has to be made, Nb as with Al causes problems with cracking during 

straightening. In the case of Nb, the strain on straightening allows the NbCN to 

precipitate dynamically on dislocations and so is a very fine precipitation favouring 

intergranular failures. It is possible therefore that the Ti may be needed to produce 

these  coarse TiN particle during casting so as to allow the Nb to precipitate out on 

them and thus give good hot ductility. The Nb will go back into solution when 

heated to the start rolling temperature and will thus be able to promote grain 

refinement on rolling and subsequently precipitation hardening by precipitating as 

NbCN in a fine form on cooling so conferring the high strength required at room 

temperature. 

 

 The high N level and Al level in solution during solidification on casting will result 

in a high product of [Al][N] which would encourage precipitation to occur at a 

higher temperature and so give a coarser precipitation.  This may account for it not 

seeming to be detrimental to hot ductility as is found in low Al, (0.02-

0.04%), containing steel. The low S level also contributes to this improvement. 
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There is no doubt that a thorough replica examination is required to identify all the 

precipitates, their compositions, size and morphology. However, a high Ti addition 

is necessary to encourage the NbC to come out at a high temperature and coarsen 

more rapidly so not to have any detrimental effect on ductility. Further work is 

needed to explore these possibilities.  
 

6.2.2 Yield strength and impact behaviour of hot rolled HSLA steel  

 The work has shown that although the initial concept of improving the impact 

behaviour by adding a high Al addition is beneficial, when Nb is added to 

strengthen the steel, very small amounts of Widmanstätten ferrite and lower 

transformation products, particularly MA appear. These are so detrimental to the 

impact behaviour that any benefit from adding Al is obscured. 

 

 On the academic side, the relative roles of WF and MA need to be explored. WF is 

a high temperature product whereas MA is a lower transformation product. 

Although they have similarities, they are very different. Specimens with varying 

small amounts (for example, 0% to a maximum 5% volume fraction) of WF with 

no MA and MA with no WF need to be tested and the impact/strength behaviour 

obtained. This would give us some idea as to which was worse, MA which is most 

likely or WF and how much can be accepted before the impact performance 

deteriorates. This would then make it easier to engineer the alloying composition 

and find out which elements are most susceptible to forming these detrimental 

products. Al for example favours higher temperature products like WF whilst Nb 

favours the lower temperature products MA. However, Al does not produce a 

precipitation hardener.  

 

 For any further commercial development of the properties of hot rolled steels, it is 

clear that Nb at a 0.018% level, cannot be used because with the coarse grain size 

present in hot rolled steels both WF and MA still form. 

 

 It is possible that a lower Nb level of 0.005-0.01% will give some strengthening 

but avoid MA and WF.  Strength may possibly be further increased by having a 

Nb/V combination for example, 0.01%Nb, 0.02%V, V being less hardenable than 

Nb. 
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APPENDIX 

Appendix A 

Summary of the recorded hot ductility measurements of the TWIP steels examined are given 

in Tables A1-A6. 

Table A1 The TWIP steel with low Ti/N ratio (steel 1) cooled at 12°C min-1. 
 

Temperature (°C) Di (mm) Df (mm) RA (%) 

700 10 5.24 47.6 

800 10 5.39 46.1 

900 10 3.3 67 

1000 10 5.11 48.9 

1100 10 6.59 34.1 

 

Table A2 The TWIP steel with medium Ti/N ratio (steel 2) cooled at 12°C min-1. 
 

Temperature (°C) Di (mm) Df (mm) RA (%) 

700 10 3.74 62.6 

800 10 3.86 61.4 

900 10 3.27 67.3 

1000 10 5.27 47.3 

1100 10 6.24 37.6 

 

Table A3 The TWIP steel with high Ti/N ratio (steel 3) cooled at 12°C min-1. 
 

Temperature (°C) Di (mm) Df (mm) RA (%) 

700 10 4.62 53.8 

800 10 4.24 57.6 

900 10 2.39 76.1 

1000 10 4.51 54.9 

1100 10 5.94 40.6 

 

Table A4 The TWIP steel with low Ti/N ratio (steel 1) cooled at 60°C min-1. 
 

Temperature (°C) Di (mm) Df (mm) RA (%) 

700 10 4.17 58.3 

800 10 3.18 68.2 

900 10 2.71 72.9 

1000 10 4.46 55.4 

1100 10 5.37 46.3 
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Table A5 The TWIP steel with medium Ti/N ratio (steel 2) cooled at 60°C min-1. 
 

Temperature (°C) Di (mm) Df (mm) RA (%) 

700 10 3.7 63 

800 10 3.6 64 

900 10 3.15 68.5 

1000 10 4.55 54.5 

1100 10 6.33 36.7 

 

Table A6 The TWIP steel with high Ti/N ratio (steel 3) cooled at 60°C min-1. 
 

Temperature (°C) Di (mm) Df (mm) RA (%) 

700 10 3.93 60.7 

800 10 2.99 70.1 

900 10 2.32 76.8 

1000 10 3.64 63.6 

1100 10 4.87 51.3 
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Appendix B 

Summary of the rolling schedule of the HSLA steels examined are given in Tables B1-B3 

Table B1 The hot rolled HSLA steels cooled at 33°C min-1. 

   

Temperature 

(°C)  
Pass No Aim Gauge (mm) H1 H2 H3 

0 75    

1 65 1106 1105 1069 

2 55 1035 1039 986 

3 45 1062 1045 1055 

4 35 1016 1018 1025 

5 25 1049 1032 1029 

6 20 997 993 982 

7 15 1011 1008 993 

FRT 957 953 945 

Soaking temperature: 1250°C. Final thickness: 15mm. 

Table B2 The hot rolled HSLA steels cooled at 17°C min-1. 

  Temperature (°C) 

Pass No Aim Gauge (mm) H4 H5 

0 150   
1 130 1081 1130 

3 90 1078 1080 

5 70 1068 1073 

7 50 1011 1052 

 9 FRT (30) 973 950 

Soaking temperature: 1250°C. Final thickness: 30mm. 

The temperatures at passes 2, 4, 6, 8 and 10 could not be measured because the Pyrometer was 

defective.   

Table B3 The control rolled HSLA steels cooled at 33°C min-1. 

  Temperature  (°C) 

Pass No Aim Gauge (mm) C2 C3 

0 75   

1 65 1094 1095 

2 55 1030  
3 45 1045 1026 

Held at 950°C   

4 35 952 954 

5 25 970 942 

6 20 940 922 

7 15 938 932 

FRT 911 891 

Soaking temperature: 1250°C. Final thickness: 15mm. 
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Summary of the recorded tensile measurements of the HSLA steels examined is presented in 

Table B4. 

Table B4 The tensile properties of the HSLA steels examined. 
 

H1 H2 H3 H4 H5 C2 C3 

Mod E (MPa) 406 211 210 195 202 205 218 

Reh (MPa) 793 336 351 314 364 316 423 

Rel (MPa) 770 293 305 273 343 288 389 

Rm (MPa) 1078 448 310 437 499 442 534 

 

Summary of the recorded impact energy measurements of the HSLA steels examined is 

presented in Tables B5-B11. 

Table B5 The impact energy measurements of the H1 steel at various temperatures 

Temperature (°C) Energy (J) 

40 302.9 

21 315.3 

0 272.9 

-20 227.2 

-40 226.6 

-50 20.7 

-60 13 

-80 8.1 

 

Table B6 The impact energy measurements of the H2 steel at various temperatures 

Temperature (°C) Energy (J) 

-20 278.9 

-40 282.2 

-60 210.1 

-80 173.1 

-90 28.2 

-90 7.1 

-100 10.3 

-120 7.1 
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Table B7 The impact energy measurements of the H3 steel at various temperatures 

Temperature (°C) Energy (J) % Brittle 

40 205.6 20 

21 260.2 0 

10 187 45 

0 89.7 85 

-20 77.2 85 

-30 27.7 95 

-40 24.3 95 

-60 13.5 99 

 

Table B8 The impact energy measurements of the H4 steel at various temperatures 

Temperature (°C) Energy (J) 

-20 242 

-30 241 

-40 213 

-50 229 

-50 204 

-50 202 

-60 15 

-60 9 

-70 17 

-80 7 

 

Table B9 The impact energy measurements of the H5 steel at various temperatures 

Temperature (°C) Energy (J) 

20 224 

10 197 

0 189 

-10 175 

-10 40 

-10 25 

-20 88 

-20 45 

-30 85 

-40 15 
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Table B10 The impact energy measurements of the C2 steel at various temperatures. 

Temperature (°C) Energy (J) 

-20 295.7 

-40 282.2 

-50 249.8 

-60 221 

-70 209.7 

-70 205.5 

-80 16.2 

-100 11 

 

Table B11 The impact energy measurements of the C3 steel at various temperatures. 

Temperature (°C) Energy (J) 

40 213.2 

21 255.8 

0 223.9 

-10 134.8 

-20 92.6 

-40 90.3 

-60 85.3 

-80 10 
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